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The mechanisms of plasticity in metal nanowires with diameters below 100 nm are reviewed. At these
length scales, plasticity in face-centered-cubic metals subjected to uniaxial loading is dominated by
dislocation nucleation from free surfaces, which has been studied extensively by molecular dynamics.
These simulations show that nanowires can deform in a variety of ways including slip via perfect
dislocations, partial dislocations and deformation twins. The competition between these mechanisms
can be explained primarily through the Schmid factor and material properties, although surface
orientation and roughness also contribute. The strength of these materials is very high and can be
described by classical nucleation theory which predicts strong temperature and geometry dependence as
well as a weak strain rate dependence. Additionally, nanowires exhibit, through twinning or phase
transformation, pseudo-elastic and shape-memory behaviors which are attributed to their small size
and the surface stress. The plasticity of nanowires subject to torsion and bending as well as those

composed of body-centered-cubic metals are also summarized.

I. Introduction

Nanowires have been a major focus for research at the nanoscale
due to their unique properties and their potential as a funda-
mental building block of nanotechnology.! Complementing
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semiconductor nanowires, metal nanowires offer different
mechanical,®> electrical,>* magnetic,’ optical® and catalytic’
properties, and are envisioned to be key components of nano-
electro-mechanical-systems (NEMS).? For example, rhodium
(Rh) nanowires as nano-resonator arrays can be used for sensi-
tive chip-based oligonucleotide detection.” Gold (Au) nanowires
can grow inside individual nanotubes of Li*-intercalation mate-
rial TiS, to provide electrical conductivity.’® Metal nanowires
swimming in solution in response to rotating electric or magnetic
fields"*** can deliver molecular signals to specified cells with
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subcellular resolution. Striped nanorods with Au and platinum
(Pt) sections can swim in aqueous solution by catalyzing the
formation of oxygen bubbles at the Pt end.” In addition, the
emerging ability to manipulate and observe individual nanowires
during deformation presents an exciting opportunity to under-
stand the plastic deformation mechanisms of metals at the
nanoscale.

Nanowire fabrication is a diverse and continuously evolving
field that deserves its own dedicated review paper.'® Nonetheless,
a review paper on nanowire plasticity would not be complete
without some mention of the fabrication methods. Probably the
most widely used fabrication technique is electrochemical
deposition over a nanoporous template>'®!*!> whereby the
nanowire diameter is controlled by the pore size. Common
templates include porous alumina membranes via anodization of
aluminum metal’®'* and track-etched polymeric membranes.>'°
The diameter of the nanowires fabricated by this approach
ranges from 10’s to 100’s of nanometers. These nanowires usually
consist of multiple crystalline grains with grain size equal to the
wire diameter. Recently, electrochemical deposition into PMMA
resist patterned by electron beam lithography has been used to
make Au and copper (Cu) nanopillars of diameters 25 to
750 nm.'® Single crystal, nano-twinned, bi- and poly-crystal
nanowires can be fabricated by this approach by controlling the
deposition current density. Nanowires can also be obtained
without using a template. In 1956, Brenner'® fabricated micron
and sub-micron whiskers via metal halide reduction, although
this method has not yet been used to produce nanowires. A
variety of metal nanowires with diameters as small as 20 nm have
been recently grown using physical vapor deposition over
partially carbon-coated silicon substrates.’” These nanowires are
single crystalline with atomically smooth, faceted surfaces and
contain no dislocations. Zheng'® et al. created Au nanowires via
cold welding two Au nanoparticles together followed by
mechanical stretching. The nanowires thus obtained usually
contain a high density of twin boundaries. Besides the bottom-up
synthesis approaches mentioned above, metal nanowires can also
be fabricated using a top-down approach, e.g. by cutting them
from free-standing metal thin films."” All of the methods
mentioned above generally create metal nanowires aligned along
one of the three principle axes: (111), (110) and (100). Additional
fabrication methods will continue to emerge and contribute to
the quality and the diversity of geometries of the nanowires
fabricated.

The main purpose of this review is to summarize the current
predictions on the inelastic deformation behaviors of metallic
nanowires and compare them with available experiments. Since
there are several review papers on plasticity in micro-pillars and
sub-micrometer pillars,2*' this review will focus on true
nanowires, those with diameters less than 100 nm where it is
believed that dislocation nucleation becomes a controlling
mechanism of plastic deformation. Since experiments are just
beginning to emerge at this length scale, most of the review will
focus on predictions from atomistic simulations with an
attempt to rationalize those observations using continuum
theories. Due to space constraints, this review is limited to
initially perfect NWs. Simulations**¢ and experiments*2° on
NWs containing internal twin boundaries or grain boundaries
are not discussed.

The main types of inelastic deformation one expects to see in
metallic nanowires are slip through perfect and partial disloca-
tions, deformation twinning, and phase transformation. When
the dominant deformation mechanism is deformation twinning
or phase transformation, it can give rise to pseudo-elasticity and
shape-memory effects. This review will focus on the effects of
shape, orientation, size and material on the inelastic deformation
mechanisms.

There are several key concepts that are essential to the
discussion of nanowire plasticity. The first is the realization
that face-centered-cubic (FCC) nanowires of diameters d <
100 nm are expected to be dislocation starved.*® This means
that, in general, at the onset of yielding, there are no mobile
dislocations inside the nanowire to contribute to plastic
deformation. Therefore, plastic deformation is controlled by
dislocation nucleation. In other crystal systems, such as body-
centered-cubic (BCC) metals, the idea of dislocation starvation
has not been well established and it is uncertain if mobile
dislocations will be present in these small volumes. Nonethe-
less, at least in FCC nanowires, the competition between
mechanisms, such as perfect dislocation slip, partial dislocation
slip and twinning, should be explained by their differences in
nucleation energy barriers. The effects of orientation on the
choice of deformation mechanisms in uniaxial loading can be
largely accounted for by the Schmid factor which describes the
resolved shear stress on a given slip system. The intrinsic
material parameters that affect dislocation nucleation are the
unstable stacking fault energy, the intrinsic stacking fault
energy and the unstable twinning energy.

Another set of important concepts include surface energy and
surface stress. Due to the small sizes of nanowires, the surface
stress induces a high compressive stress in the nanowire interior.
This leads to the size-dependent yield strength as well as the
pseudo-elastic and shape-memory effects in nanowires. Finally,
from the simulation perspective, one must be mindful of artifacts
that arise from time-scale limitations and inaccuracies of the
interatomic potentials used.

This review is organized into the following sections. Section
IT reviews the key concepts that are essential for understanding
nanowire plasticity. This background is provided for those
readers unfamiliar with the field of small scale mechanical
properties. Section III reviews the competition between slip via
partial dislocations, perfect dislocations and deformation
twinning. Section IV discusses the size and orientation effects
on the yield strength of metal nanowires. Section V covers the
phenomenon of phase transformations in FCC and interme-
tallic nanowires. Section VI discusses pseudo-elastic and
shape-memory effects. Section VII discusses the behavior of
FCC nanowires under bending and torsion. Section VIII
discusses BCC metal nanowires under uniaxial loading.
Section IX gives a short summary and discusses future direc-
tions for research.

II. Key concepts

There are several key concepts that will be used throughout this
review to understand the mechanics and plasticity in metallic
nanowires (NWs). It will be useful to address these concepts here
prior to discussing the literature.
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A. Surface stress

Since NWs, like all nano-structures, have a high surface to
volume ratio, the energy of the free surfaces and resulting surface
stress becomes important. The surface energy depends on the
surface orientation. Unfortunately, it has been extremely difficult
to measure the surface energy anisotropy of metals experimen-
tally.3' The surface energies of a wide range of FCC and BCC
metals have been predicted by first-principles calculations based
on density functional theory (DFT). The full-potential (FP)
model* is presumably more accurate than the full charge-density
(FCD) model.** These calculations predict that for FCC metals
the lowest energy facet is the {111}, followed by {100} and then
the {110}.3* The predicted surface energies of these facets for the
four FCC metals (Al, Au, Cu, Ni) to be discussed in this review
are in the range of 1 to 2.5 J m~2, consistent with experimental
measurements.3"** For BCC metals, the {110} and the {100}
facets usually have lower energy than the {111}.3® The predicted
surface energies of these facets for BCC Mo, Ta, Fe are in the
range of 2.2 to 3.9 J m™2, also consistent with experimental
measurements.*"3* The anisotropy of the surface energy is believe
to lead to strong faceting. For example, Richter et al'” have
shown that in their as-grown FCC metal NWs, most are oriented
along the (110) direction and have {111} and {100} surface facets
in agreement with the Wulff construction.®

The atoms at metal surfaces are usually under-coordinated
(i.e. having fewer neighbors than atoms in the bulk) and there-
fore tend to contract towards each other creating a tensile surface
stress. For liquids, this is often termed the surface tension, which
is equal to the surface energy vy, because the atoms on the surface
are free to move to the interior of the liquid.*® In a crystalline
solid, however, the limited atomic mobility makes the surface
stress, fj;, generally different from the surface energy y. The
surface stress f;; can be written in terms of the surface strain e;; as:

14(4y) dy
=_— = 51..
A ae,-j Rl + aeij

Ty (1)
where A is the surface area. The surface strain and surface stress
are both second rank tensors such that the free indices / and j run
from 1 to 2, representing the two directions in the plane of the
exposed free surfaces.?**” The surface stress has units of J m=2, in
contrast to the ordinary stress, which has units of J m—.

The presence of a tensile surface stress induces a compressive
stress in the NW interior that scales inversely with the NW width.
A simple scenario given by Diao et al.®® illustrates the effects of
surface stress on NWs. Consider a NW with a square cross
section and width d, as shown in Fig. 1. Hence its cross sectional
area is A = d*. Let the magnitude of the surface stress be f, which
is usually of the same order of magnitude as the surface energies.
The average induced compressive stress along the NW axis on
the NW interior can be written as:

4fd 4f
TETA T

Thus, the induced compressive stresses in the NW interior
scale inversely with the wire width d. Assuming a nominal value
of f=11J m2, the induced compressive stress is shown in Fig. 1.
For NW diameter in the range of 1 nm to 100 nm, the stresses
range from 100’s of MPa to several GPa. On the other hand,
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Fig.1 The variation of the induced compressive stress in a NW with the
width of the NW (reprinted with permission from ref. 40).

wires with diameters in the millimeter range would have interior
stresses in the order of 1 MPa. This example oversimplifies the
physics by ignoring the effects of the sharp corners,* which give
rise to stress concentrations. Nonetheless, eqn (2) gives the
correct scaling behavior of the induced stress on the NW interior
and shows that this stress can significantly impact the mechanical
properties of metallic NWs since it can approach the ideal
strength of the metal.

B. Generalized stacking faults

The second set of key concepts are the generalized stacking fault
(GSF) energy and twinning energy curves. The GSF energy curve
was introduced by Vitek*! as a method to predict dislocation core
structures, and Rice** initially used the GSF energy curve in
models of dislocation nucleation. The GSF energy curve is
defined in a specific slip direction on a specific slip plane in
a crystal. For FCC metals, slip occurs on {111} planes and along
the (110) directions. However, an elementary slip step along the
(110) direction is usually composed of two sub-steps along the
(112) directions. In dislocation theory,*® this corresponds to the
dissociation of perfect dislocations with Burgers vector 1 (110)
into partial dislocations with Burgers vector §(112). Hence in
FCC metals the GSF curves are typically computed on the {111}
plane and along the (112) direction.

Fig. 2(a) shows the GSF curves for FCC Au predicted by an
embedded-atom method (EAM) potential. To understand the
meaning of the GSF curves, let us start with the perfect FCC
crystal structure shown in Fig. 2(b). The FCC structure can be
considered as three types of (111) atomic layers stacked on top
each other in the sequence of ---ABCABCA---, each layer
forming a triangular lattice. Now consider a (111) plane (dashed
line) cutting the crystal into two halves between layer A and layer
B, and displacing the upper half of the crystal relative to the
lower half along the direction of b, =1[211]. During this
displacement, both halves of the crystal remain as rigid blocks.
The energy in excess of the perfect crystal per unit area of the cut
plane as a function of the displacement is a GSF curve. If the
relative distance between the two blocks along the [111] direction

This journal is © The Royal Society of Chemistry 2011
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Fig. 2 (a) GSF curves of FCC Au predicted by the EAM Foiles potential.** The thick solid line corresponds to slip along b, = %[511] from (b) the
perfect FCC crystal structure to (c) the intrinsic stacking fault (ISF) structure. The dashed line corresponds to continued slip along the same b, direction.

The dotted line corresponds to slip on the same (111) plane starting from the (c) ISF structure but along b » = £[112]. The thin solid line corresponds to
slip from the (c) ISF structure on the adjacent (111) plane to the twin structure in (d). b, and b’, are two partial dislocation Burgers vectors, which add up
to the perfect Burgers vector b = %[TOI]. The unstable stacking fault (USF) and unstable twinning (UT) energies are local maxima on the GSF curves

(see text).

is allowed to relax, the result is called the relaxed GSF energy;
otherwise the result is called the unrelaxed GSF energy. The thick
solid line in Fig. 2(a) shows an unrelaxed GSF energy curve.
When the relative displacement along the [211] direction exactly
equals |b,|, an intrinsic stacking fault (ISF) is created, as shown in
Fig. 2(c). The layer above the cut plane now assumes the position
of layer C. The excess energy per unit area is yisg, which is 31 mJ
m~2 in this plot. The maximum on the GSF curve between the
origin and ISF is the unstable stacking fault (USF) energy, yusg,
102 mJ m~2 here, which is a measure of the barrier for the
nucleation of a leading partial dislocation in a perfect crystal.
The maximum slope of the GSF curve between the origin and
USF has the unit of stress, and is often interpreted as the ideal
shear strength of the crystal.

If the displacement continues along the same [211] direction
passing the ISF point, the corresponding GSF energy rises to
very high values, shown as the dashed line in Fig. 2(a). In a real
crystal, sliding between atomic layers rarely follows this portion
of the GSF curve. Instead, once the ISF point is reached, sliding
will continue along a different (112) direction, e.g. b, = $[112],
and the GSF curve takes the shape of the dotted line in Fig. 2(a).
In dislocation theory, b, and b’, are the Burgers vectors of the
leading and trailing partial dislocations forming a perfect
dislocation.

Sliding between (111) atomic layers can continue in a different
manner after an ISF is formed. Sliding can initiate along the
same b, direction on the (111) plane immediately above the ISF.
Fig. 2(d) shows the structure when the sliding on the second (111)
plane also equals [b,|. Notice that the three atomic layers adjacent
to the two (111) slip planes now has the stacking sequence of
ACB, which is exactly the mirror image of the original FCC
stacking, ABC. Therefore, the structure in Fig. 2(d) contains
a thin plate of twinned FCC crystal, which can grow in thickness
if slip continues on adjacent (111) planes one after another. The
excess energy per unit area for the structure in Fig. 2(d) is twice

the twin interface energy yr. The excess energy per unit area as
a function of slip when going from Fig. 2(c) to (d) is plotted as
a thin grey line in Fig. 2(a). The maximum along this line is the
unstable twinning (UT) energy,*® vy, which is 117 mJ m~2 here.
The difference between vyt and v;sr is a measure of the energy
barrier against the nucleation of twinning on top of an already
formed intrinsic stacking fault.

The ISF, USF and UT energies are the most important
features on GSF curves and strongly influence the plastic
deformation mechanisms of FCC metal NWs. Table 1 list the
values of these energies and their ratios for four FCC metals. The
values predicted by the embedded-atom method (EAM) poten-
tial*® are listed because this is the most widely used model in
existing molecular dynamics simulations of NW plasticity. The
values predicted by the tight-binding (TB) model*” are also listed
for comparison. We note that these generalized stacking fault
energies are about one order of magnitude lower than the surface
energy v discussed in the previous subsection.

C. Schmid factor

The Schmid factor will be used extensively in this review to
explain the orientation dependence of NW plasticity. For bulk
crystals, the Schmid law*- states that plasticity occurs on a slip
system when the shear stress acting on the plane and along the
slip direction reaches a critical value. Under uniaxial loading, the
most active slip system, or the one with the highest resolved shear
stress, can be determined from a purely geometric factor known
as the Schmid factor. Consider a uniaxially loaded bar together
with a given slip plane and slip direction, as shown in Fig. 3. The
loading axis makes an angle x with respect to the slip plane
normal, and an angle ¢ with respect to the slip direction. Using
simple geometry, the resolved shear stress on the slip system (i.e.
slip plane plus slip direction), Trss, can be related to the applied
uniaxial stress ¢ through the relation trss = acos(x) cos(¢).
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Table 1 Important features on the (unrelaxed) GSF curves for various FCC metals as computed using EAM?* and tight binding (TB) model.*” The
twinnability parameter 7,* as well as other ratios are listed to compare different metals

EAM?* TBY

Cu Ni Au Al Cu Au Al
yise (mJ m~?) 45 125 31 146 64 49 99
yusk (mJ m2) 180 402 101 189 200 110 164
yur (mJ m-2) 202 460 122 240 236 135 207
1,= (1.136 —0.151 M) JusE 1.037 1.018 0.991 0.905 1.001 0.965 0.930

YUSF Yurt

yusElTUT 0.891 0.874 0.828 0.788 0.848 0.815 0.792
youse(YuT — YisE) 1.147 1.200 1.110 2011 1.163 1.280 1.519
(Yusk — YisE(YuT — YisE) 0.860 0.827 0.769 0.457 0.791 0.709 0.602

Loading
Direction

Slip Plane
Normal

Slip
Direction

Fig. 3 A crystal that is loaded uniaxially illustrating the slip plane and
slip direction.

From this relation the Schmid factor*® is defined as: S = cos(x)
cos(¢), which is a purely geometric factor in the range of 0 = S =
1/2. Under the Schmid law, plastic flow occurs on a slip system
when the resolved shear stress reaches a critical value: Trgs =
Tcrss- As the applied load increases, slip is thus expected to first
occur on the slip system with the highest Schmid factor. The
Schmid law is also often interpreted to suggest that the most
active slip system is the one with the highest Schmid factor. The
Schmid law is well obeyed in bulk FCC and HCP (hexagonal
close-packed) metals, in which the critical resolved shear stress is
the stress required to move existing dislocations away from
pinning points. In FCC NWs, we also expect the Schmid factor
to play an important role in initiating plastic deformation, but
through the nucleation of new dislocations.

III. Competition between slip and twinning

Slip and twinning are two major plastic deformation mechanisms
for bulk metals.>® It is therefore not surprising that both slip and
twinning have been observed in molecular dynamics (MD)
simulations of metal NWs. However, slip in NWs can be carried
out either by perfect dislocations or by partial dislocations, see
Fig. 4, which is a further complication brought about by the

small dimensions of the NWs. In bulk metals, the competition
between the various deformation mechanisms is influenced by
temperature and the loading type (e.g. tension or compression).
In metal NWs, this competition is additionally influenced by the
orientation and diameter of the wires, as well as the orientation
of their side surfaces® and other geometric factors.>* Under-
standing how the deformation mechanism in NWs depends on
these variables is essential for accurate predictions of the
mechanical strength of NWs.

Table 2 summarizes the deformation mechanisms of FCC
metal NWs right after yield as observed in MD simulations. The
most extensively studied NWs are made of Au and Cu, followed
by Ni and Al. Slip by perfect (full) dislocations, slip by partial
dislocations and twinning are indicated by f-slip, p-slip and twin,
respectively. Which deformation mechanism occurs is strongly
influenced by the NW orientation and loading type (tension or
compression).*>333 This influence can be explained, to a large
extent, by the Schmid factors of the partial dislocations on the
{111} slip planes (with the notable exception of Cu (100) NWs
with {100} side surfaces in tension). However, the Schmid factor
alone cannot distinguish between p-slip and twinning. Which one

(a) (b)

Fig. 4 (a) Slip by perfect dislocations (f-slip) in Cu (111) NW under
compressive loading.> (b) Slip by partial dislocations (p-slip) in Cu (111)
NW under tensile loading.” (c) Twinning in Cu (110) NW under tensile
loading®' (reprinted with permission from refs. 53 and 51).

This journal is © The Royal Society of Chemistry 2011

J. Mater. Chem.


http://dx.doi.org/10.1039/c2jm13682a

Downloaded by Stanford University on 11 January 2012
Published on 04 January 2012 on http://pubs.rsc.org | doi:10.1039/C2JM 13682A

View Online

Table 2 Summary of the deformation mechanisms of FCC metal NWs observed in MD simulations. Slip by perfect (full) dislocations, slip by partial
dislocations and twinning are indicated by f-slip, p-slip and twin, respectively. Tension and compression loading types are indicated by T and C,
respectively. The predicted mechanisms based on the Schmid factor and GSF are also listed

Prediction from Prediction from

Orientation Loading type Side surface Observed mechanism Schmid factor Schmid factor & GSF Metal

(100) T {100} f-slip & p-slip f-slip f-slip Ayt
T {100} p-slip/twin® f-slip f-slip Cu’>>
C {100} twin twin/p-slip twin Au, Cu, Nj**!
C {110} p-slip twin/p-slip twin Au, Cu, Ni*!
C cylindrical twin twin/p-slip twin Au>>%°

(110) T {110}, {001} p-slip twin/p-slip twin Au, Cu, Ni*!
T {111} twin twin/p-slip twin Cu, Nj*¢7
T {111} twin/p-slip® twin/p-slip twin Ay*ts157
T {111} f-slip twin/p-slip f-slip Al
C {110}, {001} f-slip & p-slip f-slip f-slip Au, Cu, Ni*!
C {111} N/A® f-slip f-slip Au, Cu, Ni*!
C cylindrical f-slip f-slip f-slip 33

(111) T {110}, {112} p-slip twin/p-slip twin Au* Ccu®
T cylindrical p-slip twin/p-slip twin u
C {110}, {112} f-slip & p-slip f-slip f-slip Au®®
C {110}, {112} f-slip f-slip f-slip Cu*
C cylindrical f-slip f-slip f-slip Au, Cu>*%

“ P-slip and twinning are reported for NWs with square and rectangular cross sections, respectively.®? > Twinning is observed at 5 K and 50 K but not at
200 K in ref. 46 but is observed at 300 K in refs. 51 and 57. © No dislocation or twinning is observed. Atoms pile up around the fixed edges of the NW 5!

of these two mechanisms is favored over the other depends on the
material property (e.g. the “twinnability” parameter*®), as well as
the side surfaces of the NWs. These effects will be discussed in the
following subsections.

To reduce computational cost, most of the existing MD
simulations are limited to NWs with diameters less than 20 nm. It
is believed that the trends in deformation mechanisms identified
in these simulations are still valid for diameters up to 100 nm, for
which the plastic deformations are still controlled by dislocation
nucleation. While this belief is reasonable, it is of interest to
confirm it by performing MD simulations up to 100 nm
diameters.

A. Effect of Schmid factor

All the MD simulations listed in Table 2 started with NWs that
are free from any lattice defects, such as dislocations or stacking
faults. In most simulations, yield occurs with the nucleation of
a dislocation from the NW surface. The type of dislocation
nucleation event usually falls into the following two categories.

1. A perfect dislocation is nucleated from the surface. Alter-
natively, this can be described as the nucleation of a leading
partial dislocation which is immediately followed by the trailing
partial on the same slip plane. This leads to slip by perfect
dislocations (f-slip).

2. A leading partial dislocation is nucleated from the surface,
but is not followed by a trailing partial on the same slip plane.
Instead, additional leading partial dislocations are nucleated on
parallel slip planes (or other slip planes related by symmetry). If
the next partial dislocation is nucleated on a parallel slip plane
immediately above the plane of the first partial (see Fig. 2(d)),
then twinning (twin) occurs. Otherwise, slip by partial disloca-
tion (p-slip) occurs.

Whether scenario 1 or 2 occurs can be predicted by consid-
ering the Schmid factors of the leading and trailing partial

dislocations on the {111} slip plane,® as listed in Table 3. If the
Schmid factor of the trailing partial is larger than that of the
leading partial, then either the perfect dislocation is expected to
nucleate directly, or the nucleation of the trailing partial is
expected to immediately follow the nucleation of the leading
partial, resulting in scenario 1 (f-slip). This is the case for (100)
and (111) NWs in tension and (110) NWs in compression. If, on
the other hand, the Schmid factor of the leading partial is larger
than that of the trailing partial, then the leading partial alone is
expected to nucleate, resulting in scenario 2 (twin or p-slip). This
is the case for (100) and (111) NWs in compression and (110)
NWs in tension.

Table 2 shows that the prediction from Schmid factor
considerations is largely consistent with MD observations. When
f-slip is predicted, f-slip is almost always observed, sometimes
accompanied by p-slip. The observation of some p-slip is not
necessarily a contradiction to the predictions because it is
possible that on certain slip planes the trailing partial may not
have nucleated at the time of observation but may do so shortly
afterward. A notable exception is the observation of p-slip and
twinning in (100) Cu NWs with {100} side surfaces in tension,**
even though f-slip is predicted based on Schmid factor consid-
erations. This break-down of the Schmid law may be attributed
to the unique ability of the {100} side surfaces to reorient to the
more stable {111} surfaces (see Section III C). Another exception
is the case of (110) NWs with {111} side surfaces under
compression, in which deformation proceeds by atoms piling up
around the fixed end of the NWs, instead of through the pre-
dicted f-slip mechanism. This observation may also be attributed
to the stability of {111} side surfaces.

When f-slip is not favored from Schmid factor considerations,
either twinning or p-slip is almost always observed. The only
exception is (110) Al NW loaded in tension, where f-slip is
observed even though it is not favored from Schmid factor
considerations.*® This discrepancy is caused by the high stacking
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Table 3 Schmid factors for partial and perfect dislocations in FCC metal NWs under different loading conditions. The loading types and predicted

deformation mechanisms are specified in the same way as in Table 2

Predicted deformation

Orientation Loading type Leading partial Trailing partial Perfect dislocation mechanism
(100) T 0.24 0.47 0.41 f-slip
C 0.47 0.24 0.41 twin/p-slip
(110) T 0.47 0.24 0.41 twin/p-slip
C 0.24 0.47 0.41 f-slip
(111) T 0.31 0.16 0.27 f-slip
C 0.16 0.31 0.27 twin/p-slip

fault energy of Al, and will be removed in the next subsection
when the generalized stacking fault energies are considered.

It is remarkable that the Schmid factor considerations, being
purely geometric in nature, can explain many of the features
observed in these MD simulations. However, the Schmid factor
alone does not distinguish twinning versus p-slip, both occurring
through the nucleation of the leading partial. From Table 2, it
appears that p-slip is more favorable for the (111) NWs (in
tension), while twinning is more favorable for the (100) NWs (in
compression) and the (110) NWs (in tension). However, it is not
clear whether a responsible physical mechanism can be identified.

B. Effect of generalized stacking fault energy

As noted before, the Schmid factor cannot distinguish between
p-slip and twinning. Therefore, some other criterion is needed to
distinguish between the two. MD simulations show that the
competition between twinning and p-slip is material dependent.
As shown in Table 2, Cu and Ni NWs with (110) orientation and
{111} side surfaces deform by twinning in tension.**5” However,
Au NWs under identical conditions would twin at low temper-
atures and slip (by partial dislocations) at higher temperatures
and Al NWs deform by slip via perfect dislocations (f-slip).*® To
understand this material dependence, the twinnability parameter
derived by Tadmor and Bernstein*® has been used to rank the
propensity of the materials to twin.* The twinnability parameter
1, 1s defined through the intrinsic stacking fault energy vsr, the
unstable stacking fault energy yysr, and the unstable twinning
energy yyt. Lable 1 gives the definition of 7, and lists its values
for Cu, Au, Ni and Al The twinnability of these FCC metals can
be ranked as, t$" > o0 > 2% > Al This trend is consistent with
the MD observations of (110) NWs with {111} side surfaces
loaded in tension.

While the twinnability parameter provides a qualitative
ranking of the FCC metals in terms of their tendency to twin, the
context in which this parameter is derived does not exactly match
the conditions of these NW simulations. First, twinnability was
derived by considering nucleation from a crack tip, but no cracks
exist in the NWs at the onset of plastic deformation. Second, 7, is
obtained by averaging over all orientations in a polycrystal,
whereas the NWs here are single crystals under uniaxial loading
with well-defined Schmid factors. Third, twinnability is designed
to distinguish between f-slip and twinning, and is unable to select
from three candidate mechanisms: p-slip, f-slip and twinning.

We now describe a two-parameter criterion based on both the
Schmid factor and the generalized stacking fault energies.
Consider the scenario that a leading partial has already nucleated

from the surface of the NW. Three possible events can occur
next. First, another leading partial can nucleate on a parallel
plane not adjacent to the first slip plane. This leads to p-slip,
and the critical (axial) stress can be estimated from the
maximum slope of the GSF curve from origin to USF, ie.,
0p = ayysre/(b,Sicaa), Where a = T is a geometric factor, b, is the
magnitude of the partial Burgers vector, and Sje.q is the Schmid
factor of the leading partial. Second, the trailing partial can
nucleate on the same slip plane of the leading partial. This leads
to f-slip, and the critical stress can be estimated from the
maximum slope of the GSF curve between ISF and USF (dotted
line in Fig. 2(a)), i.e., of = a(yusr — Yise)/(DpSirait), Where Sy is
the Schmid factor of the trailing partial. Third, a leading partial
can nucleate on the slip plane adjacent to the first leading partial.
This leads to twinning, and its critical stress can be estimated as,
ot = a(yur — YisF)/(bpSiead). In this model, the event with the
lowest critical stress is predicted to occur. The situation can be
visualized in a map spanned by two parameters,

C
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As shown in Fig. 5, the parameter space can be divided into
three domains, corresponding to p-slip, f-slip and twin,

2
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Fig.5 Deformation mechanism map of FCC metal NWs under different
axial loading conditions. The p-slip domain: 7| < 7, and 7, < 1. The f-slip
domain: 7, < 7y and 7, < 1. The twin domain: 7; > 1 and 7, > 1. Open
symbols correspond to the loading conditions of (100) tension, (110)
compression and (111) compression. Filled symbols correspond to the
loading condition of (100) compression, (110) tension and (111) tension.
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depending on the relative magnitude of 7; and 7,. To a very good
approximation, Sie,q/Siai only takes two possible values for all
six loading conditions listed in Table 3, i.e. Sieaa/Siain = 0.51 for
(100) T, (110) C and (111) C, and Sjeaq/Strain = 1.95 for (100) C,
(110) T and (111) T. Therefore, each point in Fig. 5 represents
one NW material and three loading conditions.

Fig. 5 shows that under (100) T, (110) C and (111) C loading
conditions, all four metals fall within the f-slip domain, consis-
tent with MD observations and the predictions based on Schmid
factor alone. Under (100) C, (110) T and (I11) T loading
conditions, Al falls within the f-slip domain, consistent with MD
observations,* while Cu, Ni and Au all fall in the twinning
domain. These predictions are also listed in Table 2.

The present model predicts that, as long as f-slip is not the
dominant mechanism, twinning is always favored over p-slip.
This is not entirely consistent with MD simulations, summarized
in Table 2, in which p-slip is observed under certain conditions.
However, both p-slip and twinning occur through the stochastic
event of dislocation nucleation, so that the boundary between the
two mechanisms is not abrupt. In addition, if one accounts for
the finite temperate and high strain rate in MD simulations, the
boundary between p-slip and twin should shift to the right. This
is because the nucleation rate of p-slip will be enhanced by the
availability of multiple nucleation sites on the NW surface. We
note that in Fig. 5, the points for Au, Cu and Ni lie close to the
boundary between p-slip and twin. Au lies closest to the
boundary, which is consistent with the greater tendency of Au
towards p-slip as observed in MD simulations.

C. Effect of side surfaces

Table 2 shows that the competition between p-slip and twinning
is influenced by the side surfaces of (100) and (110) oriented
NWs. Neither the Schmid factor nor the generalized stacking
fault energies, as discussed in the above two subsections, can
account for the effect of side surfaces on deformation mecha-
nisms. The effect of the side surface orientation can be accounted
for, in principle, by considering surface step energies. The
nucleation of an isolated partial dislocation from NWs with
smooth surfaces will lead to a surface step, and the step energy
increases the free energy barrier for p-slip nucleation. The
nucleation of another partial dislocation on the slip plane
immediately above that of the first partial (i.e. forming a micro-
twin) may incur a lower step energy cost, if it effectively reorients
the side surface to a lower energy facet. This explains why (100)
NWs with {100} side surfaces deform by twinning in compres-
sion (because they reorient to {111} after twinning), while those
with {110} and {001} surfaces deform by p-slip.

An aspect that has been ignored in the above discussions and
MD simulations is that even high quality as-fabricated NWs
have some surface roughness. Surface roughness produces local
stress concentrations which promote dislocation nucleation
around a small region. This favors twinning, which requires
sequential nucleation of leading partials on adjacent slip planes.
Therefore, even if p-slip is predicted by MD simulations, we
would expect to find thin twin lamella in experiments, with the
thickness of the lamellae determined by the roughness of the side
surface. In the experiment by Zheng et al,'® the dominant
deformation mechanism in (100) Au nanocrystals loaded in

tension is f-slip, consistent with Table 2. However, limited
twinning also occurs in the same loading condition, which is
probably caused by the local surface roughness.

It is worth noting that some MD simulations predict that (110)
Au NWs deform in tension by twinning at very low temperatures
but transition to p-slip at temperatures above 200 K.* One
explanation is that the relative influence of the step energy
reduces with temperature as the size of the critical dislocation
nucleus increases. The explicit temperature dependence of GSF
energies®® can also lead to a temperature-induced transition from
twinning to slip. However, Zheng et al.'® observe that (110) Au
NWs loaded in tension deform by twinning at room temperature.
This is in agreement with the two-parameter model shown in
Fig. 5, as well as MD predictions from other groups.>»’

Occasionally, the effect of side surfaces can override the
predictions based on the Schmid factor, as in the case of Cu (100)
with {100} side surfaces in tension.** The preference to twinning
over f-slip (as predicted by the Schmid factor) has been attributed
to the ability of the {100} surface to orient to a {111} surface.
Nonetheless, it is still surprising that the trailing partial has not
been observed for Cu NWs of this geometry,’>% even though its
Schmid factor is twice that of the leading partial. This may be
caused by the shape of the NW cross section. According to ref.
59, dislocation prefers to nucleate at the NW corner, but has an
even stronger preference to be close to the screw orientation (i.e.
parallel to the Burgers vector). Therefore, a preferred corner for
leading partial nucleation may be an unfavorable site for trailing
partial nucleation. More study is needed to understand why the
trailing partial fails to nucleate in these NWs.

IV. Yield strength

During the last 7 years, there has been significant interest in the
compression (and more recently, tension) tests of micro-pillars
fabricated using the focused ion beam (FIB).?' These experiments
have shown that the flow stresses of single crystal micro-pillars
increase dramatically as their diameters decrease from 10 pm to
100 nm. This naturally raises the question: how does the yield
strength depend on diameter for nano-pillars or nanowires with
diameters less than 100 nm? While the experimental data for
NWs is starting to emerge,'”'#%61 computer simulations have
been applied extensively to predict the strength of NWs. In this
section, we review the current understanding of the strength of
metal NWs based on computer simulations and theoretical
models.

Fig. 6(a) shows representative stress—strain curves of FCC
NWs of different orientations under uniaxial tension or
compression predicted by MD simulations. At small enough
strains, the NW remains elastic, i.e. the stress—strain curve is
completely reversible. The stress—strain curve is a smooth
(potentially non-linear) function in the elastic regime. Beyond
a critical strain, the stress drops abruptly and the stress—strain
curve becomes irreversible upon unloading. The stress at this
critical condition is called the yield stress (or yield strength) oy.

MD simulations have predicted that the yield stress of FCC
metal NWs depends on the orientation and size of the NWs, the
type of loading (tension versus compression), strain rate and
temperature. However, in bulk FCC metals, the yield stress is
approximately symmetric, weakly strain rate dependent and the
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Fig. 6 (a) Uniaxial tensile and compressive stress-strain curves for FCC Au NWs oriented along (111) and (100) directions with a square
(4 nm x 4 nm) cross section. (b) The yield stress of (100) and (111) Au NWs with square cross sections as a function of their size (reprinted with

permission from ref. 62).

yield stress divided by the Young’s modulus is nearly indepen-
dent of temperature.®® The following is a summary of the
observations from MD simulations on the yield stress of FCC
metal NWs.

e The yield stress depends on NW orientation and whether the
NW is loaded in tension or compression (see Fig. 6(b)). For
example, the magnitudes of the yield strength for a 6 nm thick Au
(100) NW in tension and compression are different by more than
a factor of 4. The three most studied orientations are (100}, (110)
and (111).5>62

e The yield stress varies with NW width d. A behavior of the
form of oy = oy + Kd ' is often observed, where oy and K are
independent of d.5%¢2

e The yield stress strongly depends on the shape of the NW
cross section. For example, the yield stress at 300 K of Cu (111)
NWs is about 10 GPa for circular cross sections but only about
6.5 GPa for square cross sections.>?

e The yield stress decreases with increasing temperature.**5-5
The temperature dependence has been observed to follow two
trends: oy = 0o — AT and oy = 09 — A /T depending on the
interatomic potential model. The strength reduction with
temperature can be as much as 50% from 0 K to 500 K.

There is a general consensus that FCC N'Ws (both in experi-
ments and MD simulations) should be free of dislocations before
loading, such that yielding is controlled by dislocation nucleation
from the surface. In other words, the NWs are in a “dislocation-
starved” state.*® Therefore, the dependence of yield strength on
geometry, loading type, strain rate and temperature should be
understood in terms of the critical condition for dislocation
nucleation. In the following, the behavior of yield strength is
rationalized in terms of Schmid factor, surface stress and
nucleation rate theories. Alternative nucleation or yield criteria
that have been proposed in the literature are discussed after-
wards. However, the only theory that can explain all of the MD
observations that are potentially relevant at experimental strain
rates is classical nucleation theory.

A. Effect of Schmid factor and surface stress

The first nucleation event upon yielding, in all existing MD
simulations, is the nucleation of the leading partial. This event is
the rate limiting step that determines the yield strength.33*
Hence, the variation of the Schmid factor of the leading partial
with NW orientation and loading type, as listed in Table 3,
naturally contributes to the dependence of the yield strength on

these two parameters. This suggests that the critical resolved
shear stress (CRSS), which is the yield stress multiplied by the
Schmid factor of the leading partial, may be a better criterion for
yielding than the normal stress along the NW axis.

As discussed in Section II, the surface stress induces
a compressive stress at the interior of the NW in the absence of
the applied load. As a result, the stress at the interior of the NW
is different from the applied stress. Taking into account the
effects from both the Schmid factor and the surface stress, Fig. 7
plots the CRSS at the interior of the NW at the onset of
yielding.* The dependence on NW width is now almost
completely removed, showing that the surface stress is the
dominant cause of the size dependence. The tension—compres-
sion asymmetry in Fig. 7 is also significantly reduced compared
with Fig. 6(b). This shows that the Schmid factor of the leading
partial and the surface stress are the primary causes of the
tension—compression asymmetry.

While the Schmid factor and surface stress explanations have
proved to be very useful, certain observations in the MD
simulations still remain puzzling. First, it is not clear why the
yield strength of Au (100) NWs in tension have a much weaker
size dependence than in compression (see Fig. 6(b)).** Second,
there still exists an unexplained orientation dependence and
tension—compression asymmetry, as shown in Fig. 7, even after
both the Schmid factor and surface stress effects have been
factored out. These behaviors may be caused by rearrangement
and energetics of the surface atoms during dislocation

nucleation.
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Fig. 7 The resolved shear stress on the interior of a Au NW at yielding
(reprinted with permission from ref. 62).
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B. (Classical nucleation theory

Classical nucleation theory (CNT)**%* provides an appropriate
framework to discuss the dislocation nucleation rate and hence
the yield strength of NWs. According to CNT, the dislocation
nucleation rate under stress ¢ and temperature 7 is given by the
following expression,

Q)

I(6,T) = N, vy exp { _ Gelo, T)}

ksT

where N; is the number of equivalent nucleation sites, vy is
a frequency prefactor, G, is the activation Gibbs free energy for
dislocation nucleation, and kg is Boltzmann’s constant. The
Becker-Doring theory®* gives an explicit expression for v, which
can be computed by atomistic simulations.®®*® v, is often
approximated by the Debye frequency vp, of the crystal, which is
typically on the order of 10'% s~!.

Roughly speaking, the yield strength oy of the NW is the stress
at which the dislocation nucleation rate reaches a threshold
value, i.e. I(ovy,T) = I. The threshold nucleation rate, Iy, is the
inverse of the characteristic time in which the NW is subjected to
stress oy. For constant strain rate experiments and simulations,
I, is on the order of the strain rate, which is about 10 s~! for MD
simulations and 1073 s~! for experiments.

Eqn (5) shows that the nucleation rate is very sensitive to the
activation Gibbs free energy G.(o,T). For a given T, G.(0,T)
usually decreases rapidly with o, so that the nucleation rate I(a,T)
is very sensitive to stress. The activation volume, defined as:
0G.(a,T)

-5 ©6)

Q(a,T)

measures the sensitivity of G.(o,7) to the applied stress ¢ and is
approximately the magnitude of the Burgers vector times the
area enclosed by the critical dislocation loop for dislocation
nucleation.®

The following implicit equation for the yield strength oy has
been derived®”-” by considering a scenario in which the NW is
loaded at a constant strain rate é.

GC(UY7 T) _ kB T M Vo
keT ~  EéQ(oy,T)

@)

This equation is derived based on the assumption that the NW
remains linear elastic with Young’s modulus E prior to yielding
and that vy is insensitive to ¢ and 7. These are reasonable
assumptions for the experimental conditions, although the NWs
usually become non-linear elastic prior to yielding in many MD
simulations.

By numerically solving eqn (7), we can predict the yield
strength oy, provided with the knowledge of the activation
Gibbs free energy G.(o,7) and reasonable estimates of Ny and
vo. G(o,T = 0) can be determined from zero temperature chain-
of-states methods, such as the nudged elastic band™ and string”
methods, directly applied to atomistic models. Alternatively,
continuum models can be used, but the accuracy of these models
are limited by the approximation introduced at the dislocation
core. Finally, the temperature dependence of G.(o,7T) has been
approximated using the thermodynamic compensation law
(or Meyer—Neldel rule),®” as well as determined numerically by
umbrella sampling.5%-°

The yield stress predicted by eqn (7) has several generic
features that are in agreement with the observations from MD
simulations. These agreements support the point of view that the
yield strength of NWs can be understood by properly applying
classical nucleation theory to dislocation nucleation from the
NW surface.

The first evidence from MD simulations in support of CNT is
the dramatic decrease of yield strength as the NW cross section
changes from a circle to a square.**> The dislocation nucleus in
a square pillar will have, in general, a shorter line length than in
circular pillars leading to a lower G. and ovy.*® Additionally,
square cross-sections may induce a stress concentration due to
the surface stress® which further enhances nucleation from the
corners.

Another piece of strong evidence in support of CNT is the
reduction of yield strength with increasing temperature.>*>* This
is a consequence of the thermally activated nature of the dislo-
cation nucleation process and is naturally obtained when eqn (7)
is solved numerically. The strong temperature dependence of the
yield strength is consistent with a relatively small activation
volume (compared with, e.g. forest cutting mechanisms in the
bulk®) of the dislocation nucleation process under the high stress
conditions of these MD simulations.

The CNT approach also makes other interesting predictions
concerning the yield strength of NWs under experimental
conditions. First, the yield strength is predicted to depend on the
applied strain rate ¢, which is explicitly included in eqn (7). The
reduction of strain rate from MD values, on the order of 10%s!,
to experimental values, on the order of 10-* s', can lower the
yield strength by several hundred MPa.®”*® This allows extrap-
olation of MD results to predict NW yield strength at experi-
mental conditions.

Second, eqn (7) predicts a dependence of NW yield strength on
NW size, through the number of nucleation sites V. A thicker
(or longer) NW has more nucleation sites than a thinner (or
shorter) NW and will have a somewhat lower yield strength.
However, this effect only leads to a logarithmic dependence of oy
on the NW width d, and is much weaker than the 1/d dependence
arising from the surface stress effect (Section IV A). Hence, the
dominant mechanism for the size effect of yield strength for FCC
metal NWs is the surface stress.

C. Alternative nucleation criteria

In the previous subsection, we presented the view point that the
yield strength of NWs can be understood through classical
nucleation theory, in terms of the activation free energy G, for
dislocation nucleation as a function of the applied stress ¢ and
temperature 7. However, there have been several reports sug-
gesting the need for an alternative approach. For example,
Zepeda-Ruiz et al.>® proposed that the local stress in the surface
layer instead of the applied stress should be used as a yield
criterion. Cao and Ma*® proposed the local shear strain on
surface atoms as a yield criterion. Park and Zimmerman** sug-
gested that the strengthening is caused by changes in dislocation
drag. Both Rabkin ef al>* and Marian and Knapp’ have sug-
gested buckling as an important event prior to dislocation
nucleation. Rabkin er al* have also proposed a strain-based
nucleation criterion that accounts for the temperature induced
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strain fluctuation. In this section, we discuss these approaches
and show that they are either consistent with the CNT based
approach, or are unlikely to influence the NW yield strength at
the experimental strain rates.

In their study of Au (100) NWs under compression, Zepeda-
Ruiz et al *¢ claim that the applied stress ¢ is not the controlling
factor for dislocation nucleation, because, interestingly, the
applied stress actually drops (at low temperatures) prior to
dislocation nucleation. To explain their observations, the
authors propose that the local stress in the surface layer atoms
(terraces) should be used as the nucleation criteria. The authors
note that during compression, the {110} terraces experience
higher stresses than the {100} terraces, and this fact correlates
with the observation of preferred nucleation sites on the {110}
terraces. However, unlike the Virial stress which is well defined as
the average stress over the entire simulation cell, there is no
unique definition for the local stress of a small group of atoms.”
It is not clear whether the rapid increase of the local (compres-
sive) stress on {110} facets prior to yielding is a consequence of
the specific choice of local stress definition used in the analysis. In
addition, while the above observation is important for under-
standing how the NWs yield in MD simulations, it is likely that at
the experimental strain rate the NWs will nucleate dislocations
under much lower stresses, up to which the NWs are still linear
elastic.

To analyze their MD simulations of Cu NWs, Cao and Ma*?
introduced the notion of local strain shear invariant (SSI), which
measures the amount of shear deformation around each atom.
They observe that in both NWs with square cross sections and
NWs with circular cross sections, dislocation nucleation occurs
when certain atoms have their SSI exceeding a threshold value of
0.085. Despite this correlation, it is not clear how the SSI param-
eter can explain temperature or strain rate dependence of the yield
strength. As mentioned above, at experimental time scales, metal
NWs are likely to remain linear elastic prior to yielding such that
the resolved shear strain (proposed in ref. 53) and resolved shear
stress (used in ref. 62) are proportional to each other.

Park and Zimmerman** suggested that phonon drag has an
effect on the strength of NWs and explains the strain rate
dependence of yield strain. While phonon drag has been shown
to be size dependent below 40 nm,’ it is unlikely to be important
in nucleation since phonon drag only relates to the motion of the
dislocations after they are nucleated. The change in yield strength
with strain rate observed in these MD simulations can be fully
explained by CNT through eqn (7), and the size dependence can
be explained through the surface stress.

In their simulations of Au NWs in compression, Rabkin et al.*®
observed a number of cases in which dislocation nucleation is
preceded by a buckling instability of the NW. This behavior is
observed in (100) and (110) NWs when certain interatomic
potentials are used but not in (111) NWs. However, it is
reasonable to expect that at experimental time scales dislocation
nucleation will occur at much lower stresses and will not be
driven by elastic buckling (for nanopillars of the aspect ratio in
ref. 55). The same argument applies to the surface wrinkling
observed by Marian and Knap’ in the compression simulations
of Au (100) nano-pillars using the quasi-continuum method.

In the cases where dislocation nucleation is not preceded by an
elastic instability (e.g. for (111) NWs), Rabkin et al.>* proposed

a strain-based dislocation nucleation criterion to explain the
temperature dependence of the yield strength, in the spirit of the
Lindemann criterion for melting.”” First, the authors defined
a “thermal strain”, emerm = (Ar)/a, where (Ar) is the average
distance of an atom from its equilibrium position, and « is the
equilibrium lattice constant. Second, the authors found that,
under zero applied stress, &qperm increases with 7" for both surface
and bulk atoms, in the form of either Av/Tor AT, depending on
the interatomic potential. Third, the temperature dependence of
the NW yield stress (when yield is not controlled by elastic
buckling) can be well described by the empirical relation,

O'Y(T) = E(T)[gc - etherm(D] (8)

where E is the Young’s modulus and ¢, is an empirical constant.
While eqn (8) seems to agree well with their MD observations, it
is not clear how this heuristic relationship can be explained
except through classical nucleation theory, which not only
captures the temperature dependence, but also geometric and
strain rate effects.

V. Phase transformation

In addition to slip and twinning, both of which are controlled by
the nucleation of lattice dislocations, phase transformations
between the FCC and the BCT (body-centered tetragonal) have
been predicted as an alternative plastic deformation mechanism
for very thin (100) FCC metal NWs.”#* In the existing studies,
the FCC-BCT phase transformation occurs spontaneously
under zero applied load, leading to contraction of the NW
length, and is entirely driven by the surface stress. Intermetallic
Ni-AI®! and Cu-Zr® NWs with initial B2 phase have been shown
to undergo reversible transformations between the B2 and BCT
phases during tensile loading and unloading, which leads to
a pseudo-elastic behavior to be discussed in the next section.
To understand the FCC-BCT phase transformation, one must
first consider the Bain path.®8* Along the Bain path, a bulk FCC
crystal can homogeneously transform into a BCC (body-centered
cubic) structure. This is achieved by contracting along the [100]
direction and simultaneously expanding along the [010] and
[001] directions of the FCC structure. When the length along the
[100] direction becomes a factor of v/2 of the lengths along the
[010] and [001] directions, the distorted FCC structure becomes
a BCC structure, as shown in Fig. 8. The [010] and [001] direc-
tions of the BCC structure corresponds to the [011] and [011]
directions of the original FCC structure. However, if the
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Fig. 8 Bain path transforming a FCC structure to a BCC structure.
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transformation along the Bain path does not stop at the exact
proportion given above, the result is a BCT structure. BCT is
a distorted BCC structure, i.e. the length along the new [100]
direction is not the same as those along the new [010] and [001]
directions.

The FCC-BCT transformation does not occur homoge-
neously over the entire NW. Instead, the transformation is
initiated at the two ends and proceeds by propagating the two
(100) phase boundaries towards each other along the NW axis.”
Therefore, the FCC-BCT phase transformation also occurs in
a layer-by-layer fashion, as in twinning. The B2-BCT phase
transformation predicted for Cu—Zr NWs# also proceeds by the
propagation of (100) phase boundaries, which are normal to the
NW axis. However, the B2-BCT phase transformation predicted
for Ni-Al NWs? proceeds by the propagation of {101} phase
boundaries, which are inclined to the NW axis, making the
transformation mechanism more similar to twinning discussed in
previous sections.

MD simulations using the Au MEAM potential predict that
the FCC-BCT phase transformation only occurs in a narrow
range of NW diameters.’®*”® Au (100) NWs with cross section
area larger than 4 nm? relax by reorientation into FCC (110)
NWs through twinning, as discussed earlier. In contrast, all Au
EAM potentials predict (100) to (110) reorientation instead of
FCC-BCT phase transformation for all NW diameters. 4b initio
methods (DFT and TB) have been used to study the FCC-BCT
phase transformation as well.”*#° The results show that all BCT
phases are unstable in the bulk, however, the surface stresses in
NWs can stabilize the Au and Pt BCT phases. Nonetheless, the
BCT (100) NW structure is always higher in energy than the
reoriented FCC (110) NW. Therefore, at the experimental time
scales, the BCT NW may be very short-lived before it sponta-
neously transforms to the reoriented FCC structure. In this case,
the BCT structure acts as an intermediate step for the (100) to
(110) reorientation transformation, as observed in some
simulations.®®

Recently, Zheng et al'® have shown that some nanocrystals
appear to change phase or reorient after fracture. The authors
believe that the final phase is BCT Au. However, the evidence is
not conclusive since the imaging is based on a single two-
dimensional image. It is reasonable to expect phase trans-
formation to be a viable deformation mechanism in other types
of metal NWs, such as intermetallic NWs.31:82

VI. Pseudo-elastic and shape-memory effects

Pseudo-elastic and shape-memory effects are two closely related
phenomenon in which materials deform reversibly to very high
(e.g. 10%) strains. In the pseudo-elastic effect, the sample
recovers its original shape as soon as the load is removed. In the
shape-memory effect, heating is required for shape recovery after
the load is removed. This surprising behavior can appear when
deformation is caused by moving interfaces between different
crystalline phases or twins.®*®® In bulk samples, the pseudo-
elastic and shape-memory effects have been found in alloys (e.g.
Cu-Zn, Ni-Ti), but not in single-component metals. However,
both the pseudo-elastic and shape-memory effects have been
predicted to occur in single-component FCC metal NWs due to
the strong surface stress effects at the nanoscale.

MD simulations have shown that, under compression, FCC
(100) NWs with {100} side surfaces transform into (110) NWs
with {111} side surfaces by twinning.3#46-57:8%% Under tension,
the reverse transformation occurs also by the same twinning
mechanism. This transformation between the two FCC NW
structures has been called reorientation. When the NW is suffi-
ciently thin, the surface stress alone can induce reorientation
from the (100) direction to the (110) direction in the absence of
an applied load.*®*7#>% The resulting (110) NW can transform
to the (100) orientation when a sufficiently large tensile load is
applied. As soon as the load is removed, however, the surface
stress spontaneously transforms the NWs back to the (110)
orientation. The maximum reversible strain of this reversible
transformation can be estimated as v/2 — 1 = 41.4%, leading to
a very large pseudo-elastic effect.

For slightly thicker FCC (100) NWs, the surface stress alone is
not sufficient to initiate twinning and cause reorientation at room
temperature, but this reorientation can occur at elevated
temperatures. In this case, after the FCC (110) NW reorients to
the (100) direction under tension, the structure remains meta-
stable even after the load is removed. The NW returns to the
(110) orientation when it is heated to a higher temperature,
leading to a shape-memory effect. The existence of a critical
temperature to initiate the (100) to (110) reorientation is caused
by the presence of a free energy barrier for the first partial
dislocation to nucleate from the NW surface. After the first
nucleation event, the nucleation barriers of subsequent partial
dislocations on adjacent {111} planes are apparently lower,
resulting in continued propagation of the twin and thus reor-
ientation of the NW. The (110) oriented NW is always in a lower
energy state than the (100) oriented NW because the (110)
oriented NW has a smaller total surface area as well as a lower
surface energy per unit area. Hence it is reasonable to expect the
(100) to (110) reorientation to occur given sufficient assistance
from thermal fluctuation.

The ability of FCC NWs to exhibit shape-memory and
psuedo-elastic effects depends on both the material as well as the
interatomic potentials models. For example, using EAM poten-
tials, Liang and Zhu*® predict that Cu exhibits both pseudo-
elastic and shape-memory effects, Ni shows pseudo-elastic
effects, Au exhibits pseudo-elastic effects at very low tempera-
tures, and Al does not show either pseudo-elastic or shape-
memory effects at all. Park et al.®” showed that Cu, Ni and Au
NWs all show both pseudo-elastic and shape-memory effects
with different critical temperatures. The different predictions for
Ni are most likely caused by the difference in the interatomic
potentials, causing different surface stresses and energy barriers
to dislocation nucleation.

The tendency for NWs to exhibit pseudo-elastic and shape-
memory effects is controlled by the competition between twin-
ning and slip, which is discussed in Section III. Al has the lowest
twinnability of the materials studied and (110) NWs fail via f-slip
(see Fig. 5) and thus exhibit no pseudo-elastic or shape-memory
effects. Au has the next lowest twinnability and is pseudo-elastic
only at low temperatures. Cu and Ni show transitions between
pseudo-elastic and shape-memory effects that are size and
temperature dependent.

MD simulations™® using the MEAM potential have
predicted that Au (100) NWs can spontaneously undergo
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FCC-BCT phase transformation driven by the surface stress (see
Section V). If the BCT phase can transform back to the FCC
(100) NW structure under tension, then the result is a pseudo-
elastic or shape-memory effect, via the phase transformation
instead of the reorientation mechanism. However, this possibility
has not yet been investigated by MD simulations. A similar
mechanism, the B2-BCT phase transformation, has indeed been
found to lead to the pseudo-elastic and shape-memory effects for
intermetallic Ni-Al®" and Cu-Zr®** NWs.

The possibility of pseudo-elastic and shape-memory effects for
FCC NWs has not been studied for (100) NWs with cylindrical
side surfaces, even though these NWs have been predicted to twin
and reorient to the (110) direction under compression.*® This
possibility seems likely given that reoriented (110) NWs should
have a lower energy than (100) NWs.

Recent experiments have validated the predicted reorientation
in Au NWs with diameters of 40—150 pm.%° The NWs are initially
along the (110) direction with atomically smooth {111} side
surfaces and rhombic cross sections. Twins are nucleated at 1.5
GPa axial stress, and propagate through the NWs to reorient
them. The reoriented NWs are along (100) direction with {100}
side surfaces and rectangular cross sections. This remarkable
validation suggests that MD simulations, even though limited to
high strain rate conditions, have the potential to be predictive for
deformation mechanisms at experimental strain rates.

VIL

The previous four sections have primarily dealt with plasticity of
FCC NWs under uniaxial loading. Given the complexity of
deformation behavior already observed in MD simulations and
the difficulty of conducting nanoscale experiments, it is under-
standable that so much attention has been focused on the simple
uniaxial loading condition. In this section, we discuss some of the
simulations®~*° of the bending and torsion of metal NWs. One of
the unique opportunities in studying NWs in bending and torsion
is that these loading conditions provide the opportunity to study
the effects of strain gradients on NW plasticity. Strain gradients
imposed by the loading condition lead to geometrically necessary
dislocations (GND) that accommodate a plastic twist or curva-
ture.”” Due to GNDs, NWs are no longer dislocation starved,
leading to a different realm of plastic behaviors.

Bending and torsion

A. Bending

Zheng et al ®** have conducted MD simulations of the bending
of (100) oriented Cu NWs. The NWs have square cross section
and are initially defect free. The plastic deformation is dominated
by p-slip and twinning, not unlike the deformation of Cu NWs
under uniaxial loading. Furthermore, plasticity is always initi-
ated from the compressive side of the (100) NW. This is
consistent with fact that the leading partial has a higher Schmid
factor when a (100) NW is in compression than in tension, as
listed in Table 3. At a later stage of deformation, fivefold
deformation twin structures are commonly observed in these
bending simulations.

In a related study, Csikor et al.®* have used a continuum model
of the statistics of dislocation avalanches to predict that defor-
mation in bent wires transitions from diffuse to localized as the

wire diameter reduces from millimeters to a micron. This
suggests that in bent NWs, the plastic deformation should be
completely localized. However, the statistical nature of disloca-
tion avalanches is not necessarily the same as that of dislocation
nucleation, which controls NW plasticity. Because NW orien-
tation plays a significant role in dislocation nucleation under
uniaxial loading, it would be interesting to see if and how NW
plasticity in bending depends on NW orientation from atomistic
simulations.

B. Torsion

The torsion of Au and Al NWs has been studied using both MD
and dislocation dynamics.®**® The authors investigate the size
and orientation dependent plasticity which included three high
symmetry orientations: (100), (110) and (111). For (111) and
(100) orientations, low angle twist boundaries are observed to
form on the (111) and (100) planes perpendicular to the wire axis
by the nucleation and organization of perfect dislocations on
their {111} slip planes as shown in Fig. 9(a)-(b). Continued
plasticity occurs at this boundary as it evolves into a high angle
grain boundary localizing the plastic deformation.

The (110) NWs accommodate the plastic twist in a very
different way from (111) and (100) NWs. The dislocations that
nucleate are parallel to the NW axis on {111} slip planes that are
also parallel to the axis. Fig. 9(c) shows that the first few nucle-
ation events in Au NWs give rise to leading partial dislocations
with Burgers vectors of the 1(112) type. For Au NWs below
15 nm in diameter, these are the only types of dislocations
observed. However, in Al NWs of all diameters and some Au
NWs, the trailing partial dislocation quickly follows and the NW
is filled with perfect screw dislocations. An example of perfect
dislocations in Al NWs is shown in Fig. 9(d).

A screw dislocation lying along the axis of a wire was originally
studied by Eshelby?®® in which he considered the screw dislocation
as a grown-in defect in whiskers. The twist caused by such
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Fig.9 Dislocation structure of FCC metal (Au and Al) NWs of different
orientations subjected to torsion (reprinted with permission from refs. 94
and 95).
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a dislocation is now termed the Eshelby twist. The MD simula-
tions discussed above predict that the Eshelby twist involving
screw dislocations along the wire axis can be a deformation
mechanism for metallic NWs or whiskers.

C. Pseudo-elasticity of (110) NWs

The unique deformation mechanisms of (110) NWs in torsion
gives rise to a pseudo-elastic effect and potentially a shape-
memory effect.** As noted above, when FCC (110) NWs are
subjected to torsion, dislocations parallel to the NW axis are
nucleated. For Au NWs of 15 nm diameter and below, only
leading partials are nucleated, while Al NWs always nucleate
perfect dislocations. This mechanistic difference leads to
different types of torque—twist curves for 5 nm diameter Au and
Al NWs. When a Au NW is unloaded, the twist angle returns to
zero when the applied torque drops to zero, exhibiting a pseudo-
elastic behavior, as defined in Section VI. This is because the
partial dislocations parallel to the NW axis are unstable in the
absence of applied torque. They are pulled out of the NW by the
stacking faults. In comparison, when the Al NW is unloaded,
a non-zero twist angle persists even when the applied torque
drops to zero, which signifies irreversible plasticity. Continuum
analysis confirms that multiple perfect screw dislocations are
metastable inside an elastic cylinder,”**¢ as in the case of Al NWs.
However, a NW containing screw dislocations parallel to its axis
has a higher energy than a defect-free NW. Hence it is possible
that these screw dislocations can leave the NW at an elevated
temperature, giving rise to a shape-memory effect. This possi-
bility has not yet been studied by MD simulations or
experiments.

VIII. BCC metal nanowires

MD simulations of metal NWs have been primarily focused on
FCC metals, such as Cu, Ni, Au, and Al. There have been rela-
tively few simulations of metal NWs with other crystal struc-
tures, such as Fe, W and Mo, which have the body-centered cubic
(BCC) structure, or Ti and Mg, which have the hexagonal close
packed (HCP) structure. One reason for this dominance of FCC
metals is that, even in the bulk, the plasticity of BCC metals is not
as well understood as that of FCC metals.

initial
dislocatiol

initial
dislocation
position

In FCC metals, strength is governed by the ability of dislo-
cations to break away from pinning points created by particles or
other dislocations. In BCC metals, the intrinsic lattice resistance
also plays an important role in controlling the plastic response.
The non-planar compact core structure of the screw dislocations
gives rise to strong temperature and strain rate sensitivity of the
yield strength because thermal activation is required for screw
dislocation motion.**'*

The different dislocation properties in FCC and BCC metals
must have an impact on the plasticity of metal NWs. Because
dislocations have a planar core structure and a high mobility in
FCC metals, it is reasonable to expect that all mobile disloca-
tions can easily escape the NW, leaving it in a “dislocation-
starved” state.’® In this case, NW plasticity is dominated by
dislocation nucleation from the surface. In contrast, molecular
dynamics and dislocation dynamics simulations have shown
that in a BCC NW dislocations may not leave the NW so
easily.'1%? TInstead, they may multiply and generate more
dislocations under suitable stress conditions. As a result, BCC
NWs may not be in a dislocation starved state, at least during
plastic deformation, so that the yield stress and flow stress of
BCC NWs may need to be understood using a different
approach than that for FCC NWs.

A possible multiplication mechanism in BCC metals'®! is
shown in Fig. 10. In this simulation, an initially mixed disloca-
tion is placed in a NW under constant compressive stress. The
dislocation spontaneously reorients to a screw dislocation. As the
dislocation advances, a cusp forms and evolves into a loop,
which transforms the single dislocation into three dislocations.
This mechanism is able to operate again as long as the stress is
above the critical stress required to expand the loop.

It has been very difficult to verify the predicted dislocation
multiplication mechanism in BCC nano-pillars by experiments.
Compression tests indeed reveal different size dependence of the
yield strength in FCC and BCC micro-pillars.?**' However, this
can be explained by the high lattice resistance of the screw
dislocations in BCC metals, and may not necessarily be a signa-
ture of the self-multiplication mechanism. While it is generally
believed that FCC pillars thinner than 100 nm in diameter should
be dislocation starved, recent in situ TEM observations in BCC
Mo nano-pillars of the same diameter have revealed many
dislocation lines prior to deformation.’®® It would be interesting
to see if the flow strength of these BCC nano-pillars is determined
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Fig. 10 The evolution of single dislocation in a BCC Mo NW under compressive stress of 9 GPa (reprinted with permission from ref. 101).
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by these pre-existing dislocations or by new dislocations nucle-
ated from the surface.

IX. Summary and outlook

In many nanostructures, including FCC metal NWs, dislocation
nucleation is an important process that governs strength,
mechanisms of plasticity, ductility as well as shape-memory and
pseudo-elastic effects. Dislocation nucleation, at least in the
experimental strain rate, can be well described by classical
nucleation theory (CNT) which predicts strong shape and
temperature effects on the yield strength, as well as a weak strain
rate dependence. A simple model can be constructed, based on
the Schmid factor and the generalized stacking fault energies, to
predict whether FCC N'Ws under uniaxial loading will yield by
slip via perfect dislocations, slip via partial dislocations, or
twinning. However, the competition between these mechanisms
under experimental conditions can be significantly influenced by
local surface features.

The surface stress becomes an important effect at the nano-
scale and is a major cause of the size dependence of yield
strength. It also gives rise to unique pseudo-elastic effects and
shape-memory effects, by triggering reorientation from (100) to
(110) in FCC NWs, or phase transformation in intermetallic
NWs. Because pseudo-elastic and shape-memory effects can be
exploited in novel NEMS devices, it is significant that these
predictions have been verified by experiments.

Other loading modes, such as bending and torsion, have been
less studied by atomistic simulations but hold significant interest.
The torsion of properly oriented single crystal wires show
promise for shape-memory and pseudo-elastic effects. It would
be interesting to explore similar effects for metal NWs in
bending, which could lead to reversibly foldable nano-structures.
More simulations and experiments on BCC, HCP and interme-
tallic NWs can provide further insights on the plasticity mecha-
nisms at the nanoscale.

The most pressing need in NW mechanics research today is to
establish a quantitative connection between atomistic simula-
tions and experiments. One challenge is to reduce the large
scatter in the experimental data in the Young’s modulus'® and
yield strength measurements. A promising approach is to focus
on NW samples synthesized from those methods that guarantee
a high degree of perfection and reproducibility both inside the
NWs and on the surface. Since even these NWs inevitably have
some surface roughness, a systematic study of the surface
roughness in atomistic simulations is still needed.

Two important challenges for modelling are presented by the
inaccuracy of empirical interatomic potentials and the limited
time scale of MD. A promising way to address both problems is
to develop an accurate continuum model for dislocation nucle-
ation rate based on CNT and GSF energies. First, this
continuum model can take the GSF energies computed by an
empirical potential as input, and its predictions can be bench-
marked against an explicit atomistic calculation.’*'*s Then the
continuum model can take the GSF energies computed by more
accurate first-principles methods as input, and make predictions
that are not limited by the accuracy of empirical interatomic
potentials. The dislocation rate predictions based on CNT can be
first benchmarked against explicit MD simulations at the high

temperature or high stress regime,**® after which reliable
predictions can be made at the experimental time scales. For
NWs under bending and torsion, both molecular dynamics and
dislocation dynamics simulations can be used to model the
structural evolution of geometrically necessary dislocations. The
crosschecking between atomistic models, continuum models, and
experiments will establish a confidence that the essential physics
governing NW plasticity is properly understood.

A longer term goal of nanoscale mechanics research is to be
able to predict the reliability and failure mode of metal NWs in
an actual NEMS device. For example, in a switching device using
a N'W cantilever, the electric discharge between the NW and the
electrode can cause ablation or plastic deformation close to the
contact region. Defect generation from plastic deformation can
also affect the electrical resistivity or the magnetic properties of
metal NWs. The existing atomistic models will need to be
extended to incorporate the new physics in these phenomena.
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