
ARTICLES

158 nature materials | VOL 3 | MARCH 2004 | www.nature.com/naturematerials

Dislocations are ubiquitous line defects responsible for many
properties of crystalline materials1.In response to an external load,
dislocations move through the crystal producing a permanent

change of shape (yield or plastic deformation). Generally, materials that
yield can avoid a greater danger—catastrophic failure by fracture2.
Consequently, exactly how dislocations move in response to stress has
been a matter of serious concern and intensive study3–10. In a wider
context, the dynamics of driven extended objects, that is, lines and
interfaces, has also attracted much attention. From propagation of fire
fronts11, to surface growth12, to motion of magnetic flux lines in
superconductors13,14, various phenomena were observed to display a
similar dynamic behaviour often referred to as kinetic roughening14,15.
The results that follow suggest that the motion of screw dislocations in
iron displays a roughening transition that is a function of stress,
temperature and dislocation line length.

By the very nature of slip, dislocation motion is confined to a glide
plane defined by its slip (Burgers) vector b and its tangent vector ξ
(Fig. 1). When ξ is locally parallel to b (screw orientation), the glide
plane is not defined and the dislocation can in principle glide on any
plane containing its Burgers vector. This ability to move in three
dimensions makes screw dislocations special and has much to do with
the ability of the dislocations to multiply under stress16.

Given that direct experimental observations of dislocation motion
at the atomic scale are still impossible,molecular dynamics (MD) is our
method of choice for exploring the mechanistic intricacies of screw
dislocation motion. To date, MD simulations have focused mostly on
face-centred cubic (f.c.c.) metals, where dislocation lines are known to
extend into ribbons of stacking faults on planes of the {111} type.
This extension constrains all dislocations, including the screws, to
remain on {111} planes except for relatively rare ‘cross-slip’ events in
which the screws change their extension from one {111} plane to
another17,18. Yet, in other materials, such as body-centred cubic (b.c.c.)
metals,screw dislocations can exercise their distinctive ability to move in
three-dimensional (3D) space much more freely than in f.c.c. metals.
Given iron’s pre-eminence as the king of structural materials and a well-
documented critical role of screw dislocations in its plasticity and
strength,we focus on the motion of screw dislocations in b.c.c. iron.

Figure 2 describes the set-up and results of our MD simulations in
which we observed that depending on the magnitude of stress and
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temperature, screw dislocations in b.c.c. iron move in three strikingly
different regimes. First, under low stress, the dislocations move
smoothly through the formation and migration of atomic-sized kinks
(Fig. 3).Although widely accepted,this is to our knowledge the first time
that such mechanism of motion has been directly observed in full
dynamic detail. As the stress is further increased, dislocation motion
suddenly becomes rough: the line becomes rugged and its motion
becomes jerky, producing in its wake a large amount of debris in the
form of lattice vacancies and interstitial clusters (Figs 4,5). Under still
higher stress, the line ruggedness and the amount of debris its motion
produces continue to increase until, at some point, another dynamic
transition takes place.The dislocation is now seen to cease its ‘turbulent’
motion, and to initiate a thin plate of sheared crystal, a twin (Fig. 6).
The twin starts where the dislocation just left off, extending rapidly
along the same direction as that of the dislocation motion,and gradually
increases in thickness. In what follows, the atomistic origins of these
dynamical transitions and their dependence on applied stress,
temperature and dislocation length are discussed. All the figures are
discussed in detail below.

Let us first consider the regime in which the screw moves in a
smooth, ‘laminar’ manner. As a useful point of reference, the lattice
resistance to dislocation motion is commonly characterized in terms
of its Peierls threshold τP, that is, a minimal stress required to make
the dislocation move at 0 K (refs 1,19). For the screw dislocation in
our model of b.c.c. iron, τP = 900 MPa (ref. 20) (see Methods).
However, the dislocation is able to move under lower stress,provided
its motion is aided by thermal fluctuations.Figure 3 contains a series
of snapshots of the screw motion at room temperature (300 K)
under a stress τ= 500 MPa, significantly below the Peierls threshold.
In Fig. 3b, a portion of the line jumps to the next lattice position
(Peierls valley) forming a pair of atomic-sized kinks. Driven by
stress, the kinks then rapidly migrate along the dislocation line
(Fig. 3c) and eventually recombine through the periodic boundary.
As a result, the entire dislocation translates to the next lattice
position (Fig. 3d). To our knowledge, this entire sequence is the first
unambiguous demonstration of the long-hypothesized kink-pair
mechanism in action1,21.

At higher stress and/or temperature, the character of dislocation
motion changes dramatically (Fig. 4).The line becomes corrugated and
grows increasingly uneven, developing multiple pinning points in its
path. Dynamically, the dislocation now moves in bursts, breaking away
from one pinning point to another, each time covering several lattice
distances and leaving behind pieces of debris. The debris consists of
vacancy and self-interstitial clusters ranging in size from single
vacancies and interstitials (at low temperatures) to large vacancy and
interstitial clusters (at higher temperatures).What causes this sudden
change of behaviour? A meticulous analysis of the simulation
snapshots revealed the underlying mechanism.This is described below
using a representative sequence of events observed in a separate 
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Figure 1 A dislocation made of disorder.To picture a dislocation, imagine a crystal
sheared along plane A so that atoms just above the plane are displaced by an amount b
relative to the atoms just below the plane. If b is a repeat vector of the crystal lattice,such
slip re-establishes the perfect stacking of atoms everywhere except at the boundary
between the slipped area and the rest of the plane.This boundary is a dislocation carrying
a slip (Burgers) vector b.Dislocation segments with line direction ξparallel to b are called
screws.Screws can principally move into any plane (such as B) that contains b.
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Figure 2 Simulation setup and results.a,View of the simulation box used in the
calculations.Dislocation core atoms (red) differ from all other atoms by their relatively large
centro-symmetry-deviation parameter41.To show the dimensions of the model crystal,
several layers of atoms at the box boundaries are also plotted (grey).The solid and dashed
blue arrows indicate the direction of the applied stress.b,Average screw dislocation
velocities (in m s−1) in our MD simulations at different temperature and stress conditions.
Different symbols are used to indicate different dislocation behaviour observed:pink circles
for smooth motion (Fig. 3), red crosses for rough motion (Fig. 4),and green diamonds for
twinning (Fig. 6).Blue circles correspond to cases where no dislocation motion was
observed during the entire course of the simulation.The dashed lines delineate estimated
conditions for transitions from one type of behaviour to another.Estimated strain rates for
these simulations are 30 to 108 s−1.
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zero-temperature simulation in which the initial pinning was
introduced ‘by hand’. By disposing of the thermal noise, the succession
of events leading to roughening and debris formation stands out clear
and unmasked (Fig. 5).

Self-pinning and the subsequent roughening are triggered by
collisions of kinks gliding towards each other on two different planes.
In Fig. 5a, the sequence begins when two kink pairs,1–2 and 3–4, form,
not necessarily simultaneously,at two different positions along the line.
Unlike the screw dislocation itself, the kink segments are not parallel to
the Burgers vector b. Therefore, once nucleated on a plane, a kink pair
remains constrained to glide on that very same plane. If two kink pairs
happen to nucleate on the same plane, opposing kinks will move
towards each other and recombine when they collide (in the same way as
in Fig. 3c). However, if two kink pairs nucleate on two different planes,
colliding kinks find each other on two different glide planes, unable to
recombine, resulting in a peculiar ‘conflict’ configuration with the 
two kinks pushing and blocking each other, such as kinks 2 and 3 in 
Fig. 5b. After the work of Louchet et al.22, we shall call such conflict
configurations ‘cross-kinks’(CK).

In b.c.c. crystals, kink pairs can nucleate on three distinct {110}
planes parallel to the 1–2 〈111〉 Burgers vector1,21,23. Taking into account
this threefold rotational symmetry of the b.c.c. lattice, in this quasi-
static simulation we selected a shear-stress direction in such a way that
kink-pair nucleation becomes equally likely on two of the three planes,
whereas on the third plane kink nucleation is prevented. In such
conditions, the likelihood of CK formation increases due to more
frequent collisions of kinks nucleated on two competing planes.
Furthermore, as two colliding kinks (2 and 3 or 1 and 4 in Fig. 5b) feel
equal forces pushing them against each other,the CKs remain stationary
and act as strong pinning points dividing the line into two segments
stretching along two different lattice valleys (P2 and P3 in Fig. 5).
To continue its motion, the dislocation has to somehow disentangle
itself from the CK. Presumably, if the two line segments are bent
(kinked) further onto the same valley, say P4, the line could reconnect
and the conflict would be resolved. For this to happen, each of the two
segments should generate at least two more kink pairs on suitable
planes.Shown in Fig. 5c is one such kink pair 7–8 that brings one of the
two segments from valley P2 to valley P4. Likewise, kink pair 5–6 brings
the other segment from P3 to P4.

It turns out that, although the two leading segments of the screw
dislocation have moved to the same valley P4 (Fig. 5c), they remain
disconnected even under stresses up to the Peierls threshold of 900MPa.
Below the Peierls stress, reconnection takes place only when more kinks
pile up on both sides of the conflict. For example in Fig. 5d, two extra
kink pairs bring the leading segment to valley P5.After that, it takes only
400MPa to force the reconnection of two screw segments around one of
the two CKs (Fig. 5e). After reconnection, the CK transforms into a
closed loop of atomic dimensions detached from the main dislocation
line. This piece of debris is the price the dislocation pays for
disentangling itself from the CK.

In the case shown in Fig. 5e, the debris loop is nothing but a single
lattice vacancy. However, given the stochastic nature of kink-pair
nucleation, the CK conflicts can be resolved through the formation of
larger debris loops.The resulting closed loops are prismatic,that is,with
Burgers vector perpendicular to the loop plane, and come in two
varieties, vacancy (V)-loops and self-interstitial (SI)-loops, depending
on the loop directionality. A V-loop is a plate of empty lattice sites
grouped together, whereas an SI-loop is a plate of extra atoms inserted
into the lattice. We note that the other CK shown in Fig. 5e should, on
closure, produce a single interstitial. However, it remains open for
stresses up to the Peierls threshold. The relative difficulty in closing 
SI-loops compared with V-loops derives from the higher interstitial
formation energy (5.0 eV) compared with that of a vacancy (1.7 eV)
(ref. 24). This is consistent with our MD simulations that reveal a 
clear asymmetry: whereas V-conflicts are readily resolved through the

formation of small V-loops, self-pinning by SI-conflicts is obviously
much stronger. As a result, SI-loops are typically much larger than 
V-loops, such as in Fig. 4. We note in passing that the details of the 
self-pinning and break-away mechanisms can be affected if the core of
screw dislocations experiences a symmetry-breaking reconstruction,
also known as core polarization21. However, we leave the possible
implications of core polarization for the dislocation roughening
behaviour open for further research.

Remarkably,the observed mechanisms ofV- and SI-loop formation
do not involve any vacancy or interstitial diffusion, either into or out of
the moving dislocation. Instead, the defects form by shifting rows of
atoms relative to each other along the line direction. Once the loop is
closed, the dislocation can continue to move ahead by detaching itself
from the loop that is now left behind.Because the average line direction
in our simulations is exactly along the Burgers vector, the total numbers
of vacancies and interstitials contained in the debris loops must be and
are exactly equal.

Having identified the atomistic mechanisms of self-pinning and
debris loop formation, let us try to predict the conditions for the
roughening transition. For this, it is useful to compare the dislocation
line length L to the kink mean-free path λ. The latter is the statistically
averaged distance a kink travels from its nucleation to a collision with
another kink.For a self-pinning event to occur,there must be at least two
or more kink pairs on the dislocation line simultaneously.Obviously no
roughening is expected when λ> L.However, there will be a reasonable
chance for two or more kink-pairs to co-exist and, at least occasionally,
move on two different planes, if λ ∼ L. According to the kink-diffusion
model1,λ=√(νk/Jk) ,where vk is the kink migration velocity and Jk is the
kink-pair nucleation rate. Below the Peierls stress, kink nucleation is
thermally activated and,therefore,Jk should increase exponentially with
increasing temperature and/or stress.At the same time, kink migration
is limited by viscous drag25, so that vk should increase only linearly with
stress, and even decrease with increasing temperature. Overall, λ must
decrease sharply with increasing temperature and/or increasing stress.
This is entirely consistent with our findings (Fig. 2b) that for a given
dislocation length (100b,where b is the modulus of the Burgers vector),
a transition from smooth to rough behaviour occurs both as the stress
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Figure 3 The kink-pair mechanism of smooth dislocation motion at 300 K 
and τyz = 500 MPa. The line connects the centres of mass of dislocation core atoms
(red in Fig. 2a) computed for every atomic-sized slice of the crystal along the z direction.
The dislocation is colour-graded according to its distance from the bottom end, and
shrunk by a factor of 10 for better visualization. a,At 20.9 ps, the dislocation line lies
mostly along the initial Peierls valley P1.The wiggles on the line profile are due to
thermal noise and are visibly smaller than the distance to the next Peierls valley P2.
b,At 21.5 ps, a kink-pair nucleates (in the blue region). c,At 22.5 ps, the kinks have
swept through most of the line. One of the kinks (blue in part b) has now moved across
the periodic boundary (now in red). d,At 23.5 ps, the two kinks recombine after which
the entire dislocation lies in the next Peierls valley P2.
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increases from 400 MPa to 750 MPa at a fixed temperature (400 K and
below), and as the temperature increases from 400 K to 600 K at a fixed
stress (400 MPa). Furthermore, roughening can also be induced by
directly varying the dislocation length L. For instance, at 300 K and
τ = 750 MPa, the motion of a dislocation of length L = 100b is rough,
whereas a shorter dislocation with L = 50b moves smoothly under the
same conditions.These findings confirm that the cross-kink mechanism
is responsible for the smooth-to-rough transition and, in hindsight,
emphasize how important it was to allow dislocations to move in 3D
motion by considering sufficiently long lines. Needless to say, quasi-2D
simulations of very short dislocations (L < 10b) commonly performed
thus far26 show no roughening transition under any conditions of stress
and temperature.

There is ample experimental evidence for point-defect production
by plastic deformation in both b.c.c.27,28 and f.c.c. metals29,30, although
the origin of the debris remains unclear. The conventional thinking is
that point defects are produced by some factors extrinsic to the moving
dislocation, such as dragging pre-existing jogs1,31 (steps out of the glide
plane) or interactions with strong obstacles32,33. However, these can
hardly explain the large quantities of defect clusters as well as their
relatively uniform spatial distribution27. Contrary to this common
perception, here we find that spontaneous roughening of perfectly
straight dislocations produces many point defects and defect clusters
(dislocation loops) in the absence of any other defects or obstacles.
Unlike the roughening transition in the motion of magnetic flux lines in
superconductors14, we find that, at least in b.c.c. metals such as iron,
roughening and the ensuing debris production are intrinsic behaviours
of screw dislocations whose occurrence is regulated by temperature,
stress and their own lengths.

The general trend of experimental data is consistent with our
simulation results: for example, more debris is formed at higher
deformation rates34 (and hence higher stress), especially in shocked
materials. Our results suggest that in b.c.c. metals, point-defect
production signals the occurrence of rough dislocation motion.
The intensity of debris production can be quantified by the fraction of
mechanical work expended by the applied stress on defect formation.
This fraction lies between 15% and 20% in our simulations, although
some part of the debris is likely to disappear quickly by way of mutual
recombination of vacancy and interstitials. The latter are seen to move
even on the short (∼100 ps) time scale of our MD simulations, and
may consume a large part of the less mobile vacancies immediately
after the dislocation passage, well before any observation can be
made. Further evolution of defects produced by screw dislocation
motion is likely to be similar to that in irradiated metals35.

In the classical picture, the Peierls threshold stress τP marks a
transition between distinctly different mechanisms of dislocation

motion: thermally activated kink-pair mechanisms1 below τP and the
viscous phonon-drag mechanisms36 above τP.Remarkably, in the range
of conditions where dislocation motion is observed to be rough,
dislocation velocity is proportional to stress,v=τb/B(where B is the drag
coefficient),similar to that in the phonon-drag behaviour.However,the
effective resistance to dislocation motion is now defined by dislocation
self-pinning and unpinning, leading to an effective drag coefficient
about 2.5 times higher than when the resistance is indeed limited by the
phonon-drag alone (see Methods). The behaviour remains essentially
the same both below and above τP: the dominance of the rough motion
mechanisms makes the classical transition at Peierls threshold essentially
disappear. This observation calls into question the significance of the
Peierls stress concept for characterization of the motion of screw
dislocations in b.c.c.metals.

We now come to the second dynamic transition observed under a
still higher stress of 2.0 GPa. Figure 6a shows a snapshot of this
simulation in which the initial screw dislocation is at the trailing edge of
a thin twinning plate (on the left). The leading edge of the twin is
propagating to the right, and consists of three twinning 1–6 〈111〉 partial
dislocations staggered on top of each other on three adjacent {112}
planes, as in Fig. 6b. This observation is entirely consistent with an
earlier proposed mechanism37,38. For a few moments preceding twin
nucleation, the screw moves over several lattice valleys producing a few
pieces of debris. However, after the twinning plate forms, the debris
production ceases at once whereas the velocity of twin propagation
jumps to ∼800 m s−1,compared with 400 m s−1 for the rough dislocation
motion observed below 2.0 GPa. With time, the twinning plate grows
thicker through the formation of twinning dislocation dipoles on the
plate surfaces. Comparing the stress at which twinning is initiated here
(2.0GPa) with the stress at which the same material twins in the absence
of pre-existing dislocations (5.6 GPa), we conclude that screws can be
very effective sources of twinning nucleation. Short dislocations, for
example, L = 5b, do not produce twinning but continue to move
smoothly, although with very high velocities, under the same
temperature and stress conditions. It appears that roughening of long
dislocations observed just before the twinning commences is not
accidental. Evidently, roughening slows the screw down to such an
extent that it is no longer able to relieve the strain by its motion alone.
At the same time, the same screw serves as a preferable site for twinning
nucleation, which immediately takes over as the leading mechanism of
plastic response.

In a series of large-scale MD simulations, long screw dislocations in
b.c.c. iron move in ways that are dramatically different from the
idealized motion of very short, straight dislocations nearly exclusively
considered thus far. Depending on stress and temperature, dislocation
motion proceeds through unusual previously unknown mechanisms

Figure 5 Cross-kink mechanism of self-pinning and debris production.A dynamic
sequence in which cross-kink formation leads to self-pinning,roughening and debris
production.The areas swept by dislocation kinks on two different planes are shaded using
two different colours.n is the loop’s plane normal.

y

x

z

Figure 4 Rough motion and debris production.MD snapshot at 300 K,τyz = 750 MPa.
Dislocation core atoms are white,atoms surrounding the vacancies are green and atoms 
in and around the interstitial clusters are blue.
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involving dislocation self-pinning, roughening and debris loop
formation.These mechanisms are notably diffusionless and intrinsic to
the screw dislocations themselves. The resulting dislocation mobility
does not exhibit a commonly anticipated transition to phonon-drag
mechanisms above the Peierls threshold stress. Instead, the mobility 
is limited by self-pinning and debris formation, both below and above
the Peierls stress. Under still higher stress, twinning initiation and
propagation supplants screw dislocation motion as the dominant
plasticity carrier. These behaviours are expected to define the plastic
resistance of b.c.c. metals in high-rate deformation conditions, such as
under shocks.

METHODS

MOLECULAR DYNAMICS SIMULATION PROCEDURE
MD simulations were performed in a b.c.c. crystal with ∼800,000+ Fe atoms interacting with each other

through the Ackland-Finnis-Sinclair potential24. The crystal’s dimensions are x = 40 × [11
–
2],

y = 34 × [
–
110], z = 100 × 1–2 [111]. A screw dislocation with b = 1–2 [111] is introduced along z. The crystal is

periodic along x and z and has free surfaces as upper and lower bounds in the y direction. To entice the

dislocation to move, shear stress τyz is applied through forces on several atomic layers at the free surfaces.

Simulations are carried out by integrating Newton’s equations of motion39 for all atoms using a time step

of 1 fs. A typical simulation continues for about 100 ps over which the temperature is kept constant

through coupling to a thermostat40.

CALCULATION OF THE PEIERLS STRESS
We performed a series of quasi-static, energy-minimization calculations on a dislocation structure under

different stress magnitudes using the Parrinello–Rahman scheme40. The Peierls stress, τP, was taken as the

lowest stress at which dislocation motion occurs20.

ESTIMATION OF THE STRAIN RATE
The dislocation density directly derived from our simulations is unrealistically high due to the severe size

limitations of MD. However, proper treatment of the boundary conditions assures that for as long as the

dislocation moves under stresses and temperatures similar to those encountered in real crystals, the

behaviours observed in simulations like ours should be representative of much lower dislocation

densities and, hence, much lower strain rates. Therefore, to make a connection with experiments, our

simulations must be placed in the proper context and the range of strain rates to which they correspond

must be estimated. Orowan’s equation states that the plastic strain rate dξ
.
/dt is the product of the mobile

dislocation density ρm times the dislocation velocity ν and the Burgers vector b (∼3 × 10–10 m). Given that

the dislocation moves at about 10 to 400 m s–1 in our simulations, and that experimentally measured

dislocation densities typically range from 1010 to 1015 m–1, our simulations should correspond to

experiments performed at strain rates ranging from 30 to 108 s–1.

CALCULATION OF THE PHONON-DRAG COEFFICIENT
The phonon-drag coefficient, Bph, was calculated from the slope of the stress–velocity data obtained for

several values of stress above τP. In these calculations we used short (<10b) dislocation segments to

suppress kink-pair formation and roughening. The resulting phonon-drag coefficient is 3.0 × 10–4 Pa s,

considerably smaller than the value of ~7.5 × 10–4 Pa s obtained for the resistance coefficient in the rough

motion regime of long (100b) lines.
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