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Abstract

Fracture of silicon and germanium nanowires in tension at room
temperature is studied by Molecular Dynamics simulations using sev-
eral inter-atomic potential models. While some potentials predict
brittle fracture initiated by crack nucleation from the surface, most
potentials predict ductile fracture initiated by dislocation nucleation
and slip. A simple parameter based on the ratio between the ideal
tensile strength and the ideal shear strength is found to correlate very
well with the observed brittle versus ductile behaviours for all the
potentials used in this study. This parameter is then computed by
ab initio methods, which predict brittle fracture at room tempera-
ture. A brittle-to-ductile transition (BDT) is observed in MD simula-
tions at higher temperature. The BDT mechanism in semiconductor
nanowires is different from that in the bulk, due to the lack of a pre-
existing macrocrack that is always assumed in bulk BDT models.

keywords: fracture; brittle-to-ductile transition; semiconductor nanowires; Molecular Dy-
namics simulation; cracks; dislocations; nucleation
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1 Introduction

Directed growth of semiconductor nanowires (NWs) have attracted significant interest in
recent years as key enablers of nanotechnology. With their diameter controllable by the size
of the catalyst nanoparticles [1], and with their electronic properties tunable by doping [2],
NWs can be used to construct nano-scale electronic devices, such as field effect transistors
(FETs) [3, 4, 5], chemical and biological sensors [6], as well as nano-electrical-mechanical
systems (NEMS) such as actuators [7] and nano-fluidic components [8]. Reliable function-
ing of these novel devices depends critically on the mechanical stability of the NWs and
their contacts under processing and working conditions. Characterizing and predicting
the mechanical strength of NWs is necessary because significant stress may build up due
to the thermal or lattice mismatch, even though the primary function of these NWs is
usually not to bear loads.

NWs are attractive systems for studying the fundamental deformation mechanisms
of materials. Establishing a quantitative connection between the physics of defects and
the mechanical properties of materials has been a dream of computational materials sci-
entists for a long time. It remains a significant challenge because of the large gap in
length scale between the two. The growing ability to fabricate and mechanically test high-
quality micro- and nano-scale specimens presents a unique opportunity to close this gap,
as computer simulations of defect dynamics and experimental measurements of mechanical
properties can converge to the same length scale. Furthermore, the mechanical properties
is found to be size-dependent [9, 10, 11, 12, 13] for micro- and nano-scale samples. Ex-
plaining this size-dependence presents new challenges to the existing theories as well as
new opportunities for their further development.

Generally speaking, there are two approaches to probe the mechanical properties of
nano-scale specimens. The most widely used approach is the bending test [14], in which
a NW suspended over a trench is indented by an AFM tip until failure occurs. Yield
was observed in gold NWs [10] and fracture was observed in germanium NWs beneath
the indenter [15]. While this measurement is relatively easy to set up, the resulting force-
displacement curve is difficult to analyse and interpret. The main difficulty comes from the
unknown contact behaviour between the AFM tip and the nanowire, and the resulting high
stress gradient and possible contact damage. This has made a quantitative comparison
between theory and experiment very difficult.

The other approach is the tensile test. Over the last century, tensile tests were proba-
bly the most widely used method to measure the mechanical properties of bulk materials.
Tensile stress-strain curves have been used to motivate, calibrate and validate various
theoretical constitutive models of materials. The main reason for the popularity of ten-
sile tests is the simplicity of the stress state throughout the entire specimen, facilitating
a direct comparison with theoretical models. Unfortunately, tensile tests are difficult to
perform at the nano-scale, mainly due to the challenge of manipulating the nanowire into
the correct location and accurately applying and measuring the stress and strain. At this
point, nano-tensile tests have been performed on carbon nanotubes where the nanotube
is mounted on a MEMS device [16, 17] or between two AFM tips [18, 19]. These types of
experiments are still very time consuming to set up and they have not yet been applied
to long semiconductor NWs obtained from directed growth. A related approach is the
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uniaxial compression test recently designed for free-standing micro-pillars [9]. Unfortu-
nately, this design does not seem to be applicable to NWs, whose small diameter made it
susceptible to buckling upon compression [20].

In this paper, we report and analyse Molecular Dynamics (MD) simulation results of Si
and Ge NWs in tensile tests. We hope experimental tensile test results on semiconductor
NWs will be available in the near future to compare with our theoretical predictions. The
paper is organized as the following. In Section 2, we will describe our MD simulation
method and the observations of NW fracture in tension. Based on these observations, we
will raise three questions that will be discussed in the following sections. Section 3 will
address the first question of why different potential models predict different (brittle versus
ductile) behaviours. Section 4 addresses the second question of how a real Si or Ge NW
would behave at room temperature. Section 5 discusses the possibility of brittle-to-ductile
transition of NWs at elevated temperatures.

2 Molecular dynamics simulations

2.1 Simulation method

Experimentally, the as-grown Si and Ge NWs are tyically aligned along [1 1 1] or [1 1 0]
directions, with diameter D ranging from 10 nm to 100 nm and length well beyond 1 µm [3,
21, 22, 23, 24]. In this study, we focus on [1 1 0] oriented Si and Ge NWs. To save
computational time, the NWs are relatively thin, with diameter D = 5 nm and length Lz

= 50 nm, as shown in Fig. 1. Periodic boundary conditions (PBC) are applied along the
wire direction to remove artificial end effects, effectively mimicking an infinitely long NW.
The total number of atoms is about 50 000. The Si NW has slightly more atoms than the
Ge NW because a Si atom is smaller than a Ge atom. Several inter-atomic potentials have
been used in the MD simulations, including Stillinger-Weber (SW) [25, 26, 27], Tersoff
[28], MEAM-Lenosky [29], and MEAM-Baskes [30]. Nose-Hoover thermostat [31, 32] is
applied to maintain the temperature at T = 300 K. The atomic equations of motion are
integrated by the Gear-6th predictor-corrector algorithm with time step ∆t = 0.1 fs for Si
and ∆t = 0.2 fs for Ge. With these time steps, the fluctuation of the extended Hamiltonian
during a 10 ps test period is on the order of 10−4 to 10−5 eV depending on the potential
models. Considering that the total energy of the entire NW is on the order of 105 eV,
this fluctuation is very small, indicating that the choice of time steps is adequate. The
simulations are performed using MD++ [33].

Starting with a perfect diamond-cubic crystal, the NWs are created by removing all
atoms outside a cylinder of diameter D = 5 nm. The atoms on the cylindrical surface are
directly exposed to vacuum. The structure is first relaxed to a local energy minimum by
the conjugate gradient algorithm and then equilibrated by MD at T = 300 K for 2 ps. The
atoms on the cylindrical surface reconstruct during the initial relaxation and subsequent
equilibration. The level of surface reconstruction varies for different potential models (see
Appendix B.) After equilibration, the length of the simulation cell along z is increased
by 1% (relative to its original length) after every 2 ps of MD simulation. This correspond
to a uniaxial strain rate of ε̇zz = 5 × 109 s−1. The Virial stress [35] is averaged over the
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(a) Simulation Box
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Figure 1: Simulation setup. (a) The nanowire diameter is D = 5 nm and its
length is Lz = 50 nm. Periodic boundary condition is applied along the [1 1 0]
growth direction. (b) Cross section of the Ge NW. (c) Cross section of the
Si NW. The atoms are coloured according to their local energies; the surface
atoms usually have higher energy. The atomic structures are visualized by
Atomeye [34].
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Figure 2: (a) Stress-strain curve of Ge NW under tension at T = 300 K in
MD simulations using the SW potential. (b) Snapshots of the NW structure
during fracture.

later 50% of each 2 ps period, to avoid the initial transient behaviour due to the sudden
elongation of the NW. When the crack or dislocation nucleation is observed on the NW
surface, we continue the simulation for another 20 ps at fixed strain to observe the fracture
process.

2.2 Simulation results from SW potential

A typical simulation result is shown in Fig. 2, where (a) plots the stress-strain curve of the
Ge NW described by the SW potential. The stress-strain curve is linear at small strain,
the slope of which corresponds to the Young’s modulus of 127 GPa. This is somewhat
smaller than the Bulk Young’s modulus of the same potential along 〈110〉 direction at
zero temperature, 132 GPa, most likely due to temperature softening. At larger strain,
the stress-strain relation becomes increasingly non-linear, until the stress reaches a critical
value, σfrac = 15.9 GPa, at which the NW fractures. The fracture stress is somewhat
higher than the existing experimental estimates (between 5 and 15 GPa) [15, 18]. This
may be attributed to two reasons. First, the NW in this simulation contains no surface
defects whereas grown NWs may have surface roughness [36, 24] that can reduce the
fracture strength. Second, the imposed strain rate in this simulation is several orders of
magnitude higher than that in real experiments. This is due to the fundamental limitation
on the time scale of MD simulations. Given these two reasons, the high fracture strength
predicted by this simulation is not very surprising.

A detailed analysis of the atomistic structure during fracture reveals a surprising
failure mechanism, as shown in Fig. 2(b). When the stress reached the critical value,
sliding occurs on a {111} plane inclined to the tensile axis. Extensive sliding over this
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plane led to significant thinning of the cross section before the eventual fracture. Further
analysis reveals that the first slip event was initiated by the nucleation of a dislocation
half loop from the surface with Burgers vector b = 1

2 [1 0 1] on a shuffle-set (111) plane (see
Fig. 7 and Fig. 10). Because extensive dislocation slip activities preceded and triggered
fracture, we shall call this behaviour “ductile” fracture. Obviously, the definition of ductile
fracture in a NW has some difference with that in a bulk material. Due to the small size of
the NW, there can never be a macroscopic plasticity zone. Therefore, the ductile fracture
here may also be called “dislocation-induced” or “slip-induced” fracture.

Because bulk Ge is a brittle material at room temperature, it is surprising that the
MD simulation predicted ductile fracture for a Ge NW. Even though it is possible for a
material to change its behaviour when its size is reduced to nano-scale, this prediction
could also be an artifact of the empirical potential model used in the simulation. A major
purpose of this paper is to distinguish the artificial effect of empirical potential models
from the real size effect at the nano-scale, on the brittle versus ductile behaviour of NWs.

2.3 Simulation results from other potentials

Similar problems have been reported in fracture simulations in bulk Si using empirical
potentials [37, 38, 39]. For most of the empirical potentials that have been developed for
Si, including SW, a crack tip loaded in tension will not propagate (cleave), but will blunt
instead, either by emitting dislocations or by amorphization, even at low temperature.
This would predict bulk Si to be a ductile material, which is obviously wrong. The
effect of different potential models on the behaviour of crack tips in bulk Si has been
investigated. For example, it was found that, if the 3-body term in the original SW
potential is multiplied by a factor of 2, it will lead to brittle (cleavage) fracture [37]. We
shall refer to this modification as the SWmod potential. Obviously, this modification is
ad hoc; it changes both the Young’s modulus (see Table 1) and the melting point of the
model, as well as many other physical properties. Therefore, we cannot regard SWmod
as a reliable model for Si, even though it may be argued that SW is not a reliable model
for Si either, since it predicts a ductile bulk Si. The MEAM potential by Baskes [30] was
found to be the most reliable potential for Si that predicts brittle fracture in the bulk [38].

To investigate the effect of potential models on the fracture behaviour of NWs, we
repeated the MD simulations in the previous section with SWmod, Tersoff [28], MEAM-
Lenosky [29], and MEAM-Baskes [30] potentials for both Si and Ge NWs (Lenosky po-
tential only for Si). The stress-strain curves for Si and Ge NWs are plotted in Fig. 3
(a) and (b), respectively. The fracture strength and Young’s modulus of NWs for all po-
tential models are listed in Table 1. Similar behaviours are observed in both Si and Ge
NWs. While some potentials (e.g. SW) predict slip induced ductile fracture, as shown in
Fig. 4(a), other potentials (e.g. MEAM-Baskes) predict brittle fracture by crack nucle-
ation and propagation, as shown in Fig. 4(b). The potential models that predict ductile
fracture are shaded in Table 1. There is no correlation between the predicted fracture
strength and the brittle versus ductile behaviour among these potential models.
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Figure 3: Stress-strain curve at T = 300 K for (a) Si and (b) Ge NWs from
MD simulations using different potential models. Solid line with •: SW;
dashed-dot line with 4: SWmod; dotted line with ¦: Tersoff; dotted line
with 2: MEAM-Baskes; dotted line with +: MEAM-Lenosky.

Table 1: Fracture strengths and Young’s moduli of Si and Ge NWs at
T = 300 K with different potential models. Bulk Young’s moduli at zero
temperature along 〈110〉 direction are listed in the second to last column for
comparison. All values are in units of GPa. Potential models that predict
ductile fracture are shaded.

Material
Potential Fracture NW Young’s Bulk Young’s Fracture
Model Strength Modulus Modulus Behavior

SW 14.6 123 138 ductile
Si Tersoff 26.3 128 138 ductile

Lenosky 10.2 102 151 ductile
SWmod 22.7 165 161 brittle
Baskes 13.2 139 164 brittle

Ge

SW 15.9 127 132 ductile
Tersoff 23.0 134 137 ductile
SWmod 19.0 160 149 brittle
Baskes 11.1 125 138 brittle
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(a) (b)

Figure 4: Snapshots of Si NW fracture in MD simulations at T = 300 K. (a)
Slip induced ductile fracture with SW potential. (b) Crack nucleation and
brittle fracture with MEAM-Baskes potential.

2.4 Fundamental questions

Given these observations from MD simulations, three questions naturally arise. First, why
different potential models for the same material predict different fracture behaviours? An
indication that we have found a satisfactory answer to this question would be following.
Suppose that we were given a newly developed empirical potential for Si or Ge, we should
be able to predict, relatively quickly, whether this potential would lead to a brittle or
ductile NW, without performing the time-consuming MD simulations. Second, what is
the correct behaviour for real Si and Ge NWs at room temperature? Can we make a
prediction that can be compared with future experiments? Third, what are the other
effects, such as temperature, NW diameter, and surface roughness, that can influence the
brittle versus ductile behaviour of NWs? Bulk Si and Ge are known to have a brittle-to-
ductile transition (BDT) (at temperature 600◦C [40] and 400◦C [41] respectively). Does
BDT exist also for Si and Ge NWs? Does the small size of NWs influence the mechanism
and temperature of BDT? These questions are discussed in the following sections. At this
point, our answers to the first two questions are more complete than that to the third
question.

3 Effect of inter-atomic potential models

3.1 Cut-off radius of inter-atomic potentials

Because most of the existing empirical potentials predicts the erroneous ductile behaviour
for bulk Si, the cause of this problem must be a generic one. To this end, it is widely
believed that the short cut-off radius used in most empirical potentials is responsible for
the ductile behaviour. It is worth noting that the MEAM-Baskes potential, which predicts
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Figure 5: (a) Separating a bulk crystal across a (1 1 0) plane by distance d.
(b) The excess energy per unit area γ as a result of the creation of the two
new surfaces. The ideal tensile strength σc is defined as the maximum slope
of this curve. An empirical potential with a shorter cut off radius (R ′

c) would
lead to a steeper slope of the γ(d) curve and higher ideal tensile strength (σ′c).

brittle behaviour, does have a much larger cut-off radius (6 Å) than other models that
predict ductile behaviour, such as SW (3.77 Å), SWmod (3.77 Å), Tersoff (3.1 Å), and
MEAM-Lenosky (4.5 Å), supporting this point of view. Incidentally, the large cut-off
radius makes the MEAM-Baskes potential about 10 times more expensive to compute
than the SW potential.

The rationale behind the above viewpoint is the following. Imagine the process of
cutting a bulk crystal across a crystallographic plane (e.g. (1 1 0) plane) and pulling the
two half-crystals apart as shown in Fig. 5(a). The total energy of the system will increase
with d, the separation between the two surfaces. The excess energy per unit area of the
surface, γ, is plotted as a function of d in Fig. 5(b). At sufficiently large d, γ(d) converges
to 2γs, where γs is the energy density of the newly created free surfaces. The maximum
slope of the γ(d) curve has the unit of stress. It can be defined as the ideal tensile
strength of the crystal along the separation direction, i.e., σc = maxd[∂γ/∂d]. Performing
this thought experiment on every empirical potential model, each time we will obtain a
different γ(d) curve and a different ideal tensile stress σc. Because the various potential
models are usually fitted to reproduce roughly the same value of surface energy, γs, it is
reasonable to expect that a potential with a shorter cut-off radius (R′c) will produce a
γ(d) curve that rises up more steeply, leading to larger ideal tensile strength (σ′c). If the
potential model is too strong in tension, the specimen is then more likely to fail by shear,
leading to ductile fracture.

3.2 Ideal tensile strength

While this argument certainly sounds plausible, it was found to be problematic upon a
more quantitative analysis. Specifically, it was reported that the ideal tensile strength σc
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Table 2: Ideal tensile strength along [1 1 0] direction, ideal shear strength
on (1 1 1) plane and along [1 0 1] direction, and their ratio times the Schmid
factor S, for Si and Ge for different models computed by rigid block sepa-
ration at zero temperature. The Schmid factor is S=0.4082 (see Fig. 7(a)).
The last column lists the observed fracture behaviour for NWs along [1 1 0]
direction in MD simulations at 300 K.

Ideal tensile Ideal shear
A =

Sσc/τc

Observed
Material Potential strength σc strength τc fracture

(GPa) (GPa) behaviour

Si

Tersoff 113 19.1 2.42 ductile
SW 41.6 9.51 1.79 ductile

Lenosky 33.5 11.3 1.21 ductile
Baskes 32.0 13.9 0.940 brittle
SWmod 41.0 19.5 0.858 brittle

VASP/LDA 25.2 14.0 0.735 N/A
VASP/GGA 23.0 13.7 0.685 N/A

Tersoff 93.7 11.3 3.39 ductile
SW 30.7 11.9 1.05 ductile

Ge Baskes 28.2 12.1 0.951 brittle
SWmod 30.4 17.7 0.701 brittle

VASP/LDA 18.8 10.3 0.745 N/A
VASP/GGA 15.6 9.87 0.645 N/A

“is not an important factor” in determining the brittle versus ductile behaviour of bulk Si
models [42]. To investigate this puzzling behaviour, we compute the ideal tensile strength
for all the empirical potentials.

The method for computing the ideal tensile strength is illustrated in Fig. 5(a). The
rectangular simulation cell with dimension Lx×Ly×Lz is subjected to periodic boundary
conditions (PBC) in all three directions. The z-direction of the simulation cell is along
[1 1 0]. Lz is incremented in small steps with all atoms fixed at their perfect crystal
positions. This creates a gap between the crystal (1) in the primary cell with its periodic
image (2). γ is simply the potential energy (in excess to that of the perfect crystal) divided
by Lx × Ly. The size of the simulation cell needs to be at least two times larger than the
cut-off radius of the potential model. Therefore only a small number of atoms are required
and the calculations are very cheap. The results are listed in Table 2. Some representative
γ(d) curves are plotted in Fig. 6. The σc values from different potential models span a
wide range. Unfortunately, σc does not correlate well with the brittle or ductile behaviour
observed in our MD simulations, confirming the findings reported previously [42].
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Figure 6: The (110) surface opening energy of (a) Si and (b) Ge by SW,
MEAM-Baskes, and ab initio models.

3.3 Ideal shear strength and ductility parameter

To search for a better indicator for the brittle versus ductile behaviour of different potential
models, we notice that the observed fracture behaviour is the result of the competition
between two different failure modes: cleavage on (110) plane and slip on (111) plane.
The ideal tensile strength σc measures the resistance against the former mode. Therefore,
it makes sense to compute the ideal shear strength τc, which measures the resistance
against the latter mode, and compare σc against τc. Because the slip observed in the MD
simulations was initiated by the nucleation of a dislocation with Burgers vector b = 1

2 [1 0 1]
on a shuffle-set (111) plane, we compute the ideal shear strength on this plane along the
[1 0 1] direction, as shown in Fig. 7(a).

The method for computing the ideal shear strength is illustrated in Fig. 7(b). The
simulation cell is subjected to PBC in all three directions and initially has a rectangular
shape. The repeat vector is initially along the [1 1 1] direction and then tilts toward the
[1 0 1] direction by d. At the same time, the height of the simulation cell is allowed to
adjust by δ, i.e.,

c3 = (Lz + δ)n + dm (1)

All atoms remained fixed at their perfect lattice positions, again creating a gap between
the crystal (1) in the primary cell with the period image, crystal (2). For each increment
of d, the potential energy of the system is minimized with respect to δ. (Incidentally, the
relaxed value for δ is negative in this case.) The resulting energy, divided by Lx × Ly, is
usually called the (relaxed) generalized stacking fault energy, or simply γ-surface, which
will be called γ̃(d) here. γ̃(d) is a periodic function with the periodicity of the Burgers
vector. Some representative γ̃(d) curves are plotted in Fig. 8. The maximum slope of the
γ̃(d) curve is the ideal shear strength, τc. The values of τc for all the potentials used above
are listed in Table 2.

In Table 2, the ideal tensile strength σc is always larger than the ideal shear strength

12



Slip plane 
normal

[1 1 1]

Tensile axis

φ
λ

[1 1 0]

[1 0 1]

Slip direction
_

Dislocation

     line

(a)

d

Ly

Lz

(1)

Lx

(2)

c1

c2

c3

n = [1 1 1] /  3

m = [1 0 1] /  2 
_

δ

(b)

Figure 7: (a) Ductile fracture of NW is initiated by dislocation nucleation on
a shuffle-set (1 1 1) plane, leading to slip in the [1 0 1] direction. Schmid factor
of this slip system is S = cos φ cos λ =0.4082, where φ is the angle between
the tensile axis and the slip plane normal and λ is the angle between the
tensile axis and the slip direction. (b) The generalized stacking fault energy
for slip on a (1 1 1) plane can be computed by tilting repeat vector c3 of the
simulation cell while keeping the position of all atoms fixed.

0 0.2 0.4 0.6 0.8 1
0

0.02

0.04

0.06

0.08

0.1

d/b

γ̃
(d

)

 

 

LDA
GGA
SW
Baskes

(a)

0 0.2 0.4 0.6 0.8 1
0

0.02

0.04

0.06

0.08

0.1

d/b

γ̃
(d

)

 

 

LDA
GGA
SW
Baskes

(b)
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τc. However, for a fair comparison between the two, we need to account for the Schmid
factor S [43], which is the resolved shear stress on the slip system (slip plane and slip
direction) per unit tensile stress.

S = cos φ cos λ (2)

where φ is the angle between the tensile axis and slip plane normal and λ is the angle
between the tensile axis and slip direction, as shown in Fig. 7(a). For the NW geometry
in this study, S = 0.4082. To account for the combined effect of σc, τc and S, let us define
a “ductility parameter”,

A ≡ Sσc

τc
(3)

Intuitively, if A is very large, the material is much stronger in tension than in shear, and
it will fail by ductile (slip induced) fracture. Conversely, if A is very small, the material
is much stronger in shear than in tension, and it will fail by brittle (cleavage) fracture.
Table 2 lists the values of the ductility parameter and shows that, A > 1 for all the
potentials that predict ductile fracture and A < 1 for all the potentials that predict brittle
behaviour. The agreement is surprisingly good. It shows that the parameter A ≡ Sσc/τc

is a very good indicator for the brittle versus ductile behaviour of a given potential model.
Therefore, the controversy raised previously is resolved. The ideal tensile strength

alone is not a good indicator for the brittle versus ductile behaviour, but the ratio between
the tensile and shear strengths is, at least for NWs. In hindsight, this conclusion may not
appear surprising, as similar ideas have been used before. For example, the ratio between
the ideal tensile stress σc and the yield stress σY has been used to explain the brittle
versus ductile behaviour in a continuum model of crack propagation [44]. It is worth
noting that we have used a specific definition of ideal strength in our analysis, i.e. through
rigid-body separation or sliding. An alternative definition of ideal strength also exists in
the literature, which is the maximum stress a crystal can sustain when subjected to a
uniform tensile or shear strain [45, 46]. The ideal tensile and shear strengths of different
potentials according to this definition are listed in Table 4 in Appendix A. The resulting
ductility parameter does not correlate well with the observed brittle or ductile behaviour
of the potential model. It is reasonable that the “rigid-blocks” definition of ideal strength
performs better, because when the NW fractures, significant tensile or shear strain is
localized in a very small region, usually on a crystallographic plane.

Correlations have also been reported between the ductility of a materials to Poisson’s
ratio, or the ratio between the shear modulus and Young’s (or bulk) modulus [47, 48, 49].
For example, brittle semiconductors have a low Poisson’s ratio, such as Si (0.218), Ge
(0.200), ductile FCC metals have a high Poisson’s ratio, such as Al (0.347), Au (0.412),
whereas Poisson’s ratio for BCC metals is somewhere in between, such as Fe (0.291), W
(0.278)[43]. The elastic constants and Poisson’s ratios for different potentials are listed in
Table 5 of Appendix A. Unfortunately, none of the ratios between elastic constants is found
to correlate well with the observed brittle versus ductile behaviour in MD simulations. This
means that while Possion’s ratio can indicate the difference of ductility between different
materials, it is not sensitive enough to differentiate various potential models of the same
material. In summary, the ductility parameter obtained through the ideal strength of
“rigid-blocks” definition out-performs alternative definitions based on similar ideas.
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Table 3: Ideal tensile strength along [1 1 1] direction, ideal shear strength on
(1 1 1) plane and along [1 0 1] direction, the ratio between the two times the
Schmid factor S, for Si and Ge NWs along the [1 1 1] direction. The Schmid
factor is S=0.2722. Ductile or brittle fracture is predicted based on whether
or not Sσc/τc is greater or less than 1.

Ideal tensile Ideal shear
A =

Sσc/τc

Predicted
Material Potential strength σc strength τc fracture

(GPa) (GPa) behaviour

Si

Tersoff 102 19.1 1.45 ductile
SW 38.5 9.51 1.10 ductile

Lenosky 30.4 11.3 0.73 brittle
Baskes 29.8 13.9 0.58 brittle
SWmod 38.5 19.5 0.53 brittle

VASP/LDA 22.0 14.0 0.43 brittle
VASP/GGA 20.0 13.7 0.40 brittle

Tersoff 87.1 11.3 2.10 ductile
SW 28.5 11.9 0.65 brittle

Ge Baskes 26.2 12.1 0.59 brittle
SWmod 28.5 17.7 0.44 brittle

VASP/LDA 17.0 10.3 0.45 brittle
VASP/GGA 14.0 9.87 0.47 brittle
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Furthermore, the simple model described above can be used to make new predictions,
such as the orientation effect on the fracture behaviour of NWs. For NWs grown along the
〈1 1 1〉 axis, the relevant ideal tensile strength is that on the {1 1 1} plane. The relevant
ideal shear strength is still the same as before, but the Schmid factor is reduced to S =
0.2722. The resulting ductility parameters for different potential models are listed in
Table 3. The predicted brittle versus ductile behaviours can be compared with future MD
simulations. Because of the much smaller Schmid factor in this tensile orientation, most
of the potential models predict brittle behaviour. Interestingly, the order of the ductility
parameter among different potentials is identical compared with the [1 1 0] oriented NW.
Therefore, there is a consistent trend suggesting that [1 1 1] oriented Si and Ge NWs are
more brittle than [1 1 0] oriented NWs.

4 Beyond empirical potential models

Having examined why a given potential model predicts brittle or ductile fracture, we now
turn to the second question: what is the correct fracture behaviour of a real Si (or Ge)
NW? After all, there is only one Si (or Ge) in nature, even though many potential models
have been developed for it. While experimental observation may be the only way to obtain
a final answer, we would like to make a theoretical prediction before the experiment, which
would enable a more meaningful comparison between the theory and the experiment.

In order to go beyond the limited accuracy of empirical potential models, we resort to
the ab initio method based on the density functional theory (DFT). We use the Vienna
ab-initio simulation package (VASP) [50] with the local density approximation (LDA) as
well as the generalized gradient approximation (GGA). The Ultra-soft pseudopotential is
used for Si-LDA calculations, and the projector augmented-wave (PAW) method [51, 52] is
used for the rest, including Si-GGA, Ge-LDA, and Ge-GGA. The k-points are sampled by
a 4× 4× 4 Monkhorst-Pack method and the cut-off energy for the plane wave is 22.05 Ry.
The ideal tensile strengths by rigid-block separation are computed using a simulation cell
of 4[1 1 0] × [1̄ 1 0] × [0 0 1], containing 64 atoms. The ideal shear strengths are computed
using a simulation cell of 2[1 1 1] × [1 0 1̄]/2 × [1̄ 2 1̄]/2, containing 24 atoms. More atoms
are used in ideal tensile strength calculations, in order to make sure that the large surface
separations do not affect the convergence of numerical results.

Ab initio results of the ideal tensile and shear strengths by the “rigid-body” separation
and sliding are listed in Table 2. The corresponding ductility parameter, A = Sσc/τc, is
0.735 for Si and 0.745 for Ge. Based on the correlation between this parameter and the
MD observations, the ab initio data predict that Si and Ge NWs will fail in tension by
brittle fracture at room temperature. It is interesting to note that the ab initio models
of Si are somewhat “more brittle” than the MEAM-Baskes model, in that its ductility
parameter is even lower. Compared with the ab initio models, the Baskes model of Si
gives a very accurate ideal shear strength, but overestimates the ideal tensile strength. At
the same time, it seems that the SWmod model predicts brittle fracture “for the wrong
reason”, in that it overestimates both the ideal tensile and shear strengths, compared with
the ab initio models.

Given the relative ease of ideal tensile and shear strength calculations, we propose
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that they should be performed for future potential models of semiconductors. If the ideal
strengths, especially the ratio between tensile and shear strengths, are too different from
ab initio values, then the applicability of this potential to fracture related simulations
is poor. To facilitate these calculations, we have posted MD++ and the script files for
computing the ideal strengths on our web site [33].

5 Brittle-to-ductile transition

5.1 Limitations of ductility parameter

While we have so far focused on the “artificial” effect of different potential models, in this
section we begin to address some “real” effects of physical parameters, such as temperature,
on the fracture behaviour of NWs. In hindsight, the very good agreement between the
ductility parameter, Sσc/τc, and the observed fracture behaviour, as shown in Table 2, is
somewhat surprising for the following reasons.

First, the ideal strengths, σc and τc, are computed by separating or sliding two crystals
rigidly; the atom positions are not allowed to fluctuate or relax, hence corresponding to
the zero-temperature behaviour. On the contrary, the MD simulations of NW fracture are
performed at T = 300 K. Yet the ratio between σc and τc still correlates well with the
brittle versus ductile behaviour observed in MD simulations. A possible explanation is that
300 K is still in the low-temperature regime, which means that at higher temperatures,
the behaviour observed in MD simulations is expected to deviate from that predicted by
the simple ductility parameter. Indeed, bulk Si has a brittle-to-ductile transition (BDT)
at 600◦C (Ge at 400◦C) [40, 41]. It is reasonable to expect that Si (or Ge) NWs, now
predicted to be brittle at room temperature, may also have a BDT at higher temperatures.

Second, the ideal strengths have been computed with periodic boundary conditions
(PBC) in all 3 directions, thus corresponding to the bulk behaviour, while we have been
using them to discuss the fracture behaviour of NWs. The NW surface, which is absent in
ideal strength calculations, is playing an important role in MD simulations. NW fracture,
either by cleavage or by sliding, does not occur homogeneously on a cross-sectional plane;
instead it is always initiated by a hetergeneous nucleation from the surface, see e.g. Fig. 9
and Fig. 10. Correspondingly, the fracture strength σfrac observed in MD simulations
(Table 1) is always lower than the ideal tensile strength, σc (for brittle fracture) or the
ideal shear strength divided by the Schmid factor, τc/S (for ductile fracture, Table 2).
The small size of the NW could have an effect on the dislocation or crack nucleation at
the surface and influence the BDT if it exists.

5.2 MD observations

To investigate the possibility of BDT for NWs, we repeat the MD simulations of Si NW
in tension at 600 K, 900 K and 1200 K. The MEAM-Baskes potential is used, because its
ideal strengths are the closest to those from the ab initio model, and because it predicts
brittle fracture at room temperature. Cleavage fracture is observed at 600 K (not shown
here), similar to that at 300 K. But the fracture behaviour at 900 K is different. As
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(a) 3.7 ps (b) 8.0 ps (c) 11.3 ps

(d) 13.5 ps (e) 16 ps (f) 18.7 ps

Figure 9: (colour) Snapshots of MD simulation of Si NW fracture at 300 K
by the SWmod potential. The crack initiates from the surface of NW in (b)
and propagates along the cross-sectional (1 1 0) plane in (c)-(f). The atoms
are coloured by their local energy. The times elasped since the application
of 20% strain are listed beneath the figures.

(a) 1.4 ps (b) 1.8 ps (c) 2.4 ps

(d) 3.0 ps (e) 3.2 ps (f) 3.8 ps

Figure 10: (colour) Snapshots of MD simulation of Ge NW fracture at 300 K
by the SW potential. The dislocation nucleates from the surface of the NW
in (a) and propagates along the (1 1 1) plane in (b)-(e), eventually creating a
surface step in (f). The atoms are coloured by the current distance from their
neighbor in the initial (reference) configuration. The times elasped since the
application of 21% strain are listed beneath the figures.
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(a) 7.6 ps

(b) 10.4 ps

(c) 11.4 ps

(d) 13.6 ps

(e) 14.4 ps

(f) 15.4 ps

Figure 11: (colour) Snapshots of MD simulations of Si NW fracture at 900 K
by the MEAM-Baskes potential. (a) Slip initiates on a (1 1 1) plane but is
confined close to the surface. In (b) and (c), the slip penetrates into the
NW. As a result, large wedge is visible in (c) on the NW surface. Further
slip leads to necking in (d). Due to the stress concentration, a crack is
nucleated beneath the wedge in (d) and become visible in (e). NW fractures
in (f). In (a)-(c) atom are coloured by local coordinate number and atoms
with coordinate number 4 are not plotted. Atoms in (d)-(f) are coloured by
local energy. The times elasped since the application of 14% strain are listed
beneath the figures.
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shown in Fig. 11, failure is initiated as slip on a (1 1 1) surface inclined to the tensile axis.
Interestingly, the propagation of slip is different from that observed in low temperature
simulations using the SW potential (Fig. 10). Instead of simply propagate from one side
of the cross section to the other side, the slip area is initially confined close to the surface,
assuming the shape of a horseshoe (Fig. 11(b)), and then gradually penetrates into the
NW. Significant sliding leads to the formation of a wedge on the surface. The resulting
stress concentration eventually leads to a crack nucleation and NW fracture. Compared
with the behaviour at 300 K, the NW failure appears much more ductile, because of a
significant amount of slip. However, the slip behaviour is not as clear-cut as those observed
in 300 K simulations using the SW potential. Instead complex interaction between slip
and crack is observed at 900 K using the MEAM-Baskes potential. MD simulations at
1200 K (not shown here) show even more pronounced slip activities before NW fracture.
Therefore, these simulation results suggest a more gradual transition from brittle fracture
to ductile fracture with increasing temperature, instead of a sharp BDT observed in bulk
Si. Our predictions are likely to have been influenced by the very high strain rate used in
these simulations. Reducing the strain rate should lead to a lower transition temperature.

A detailed analysis of the BDT mechanism in NWs will be presented in a future paper.
Here we make a few general remarks based on the simulation data presented above. Given
the two failure modes repeatedly observed in these MD simulations, the BDT is most likely
the result of the competition between the nucleation of a crack and the nucleation of a
dislocation, both from the surface. We have established, from ab initio calculations, that in
the zero-temperature limit, the critical stress to induce cleavage fracture is lower than the
critical stress to induce slip. When the applied stress is below the critical stress, thermal
fluctuation is needed to over the energy barrier for the crack or dislocation nucleation. At
very low temperature, the energy barrier for crack nucleation must be smaller than that
for dislocation nucleation. But the balance may change at higher temperatures, leading
to a brittle-to-ductile transition.

Even though the details of BDT mechanism in NWs is not yet clear, it should be
different from the BDT mechanism for the bulk. While many different models of BDT in
bulk Si have been proposed, the starting point has always been a pre-existing macro-crack.
Brittle or ductile behaviour is linked to whether the crack tip will propagate or will emit
dislocations under external loading [53, 54, 55, 56, 57, 58, 59, 60, 61, 62]. This type of
models does not apply to NWs. Due to their small size, NWs do not contain a macro-
crack at all. Instead, the crack has to be nucleated from the surface for brittle fracture to
occur. Therefore, BDT in NWs is determined by the competition between two nucleation
processes, in the absence of a pre-existing crack. While the surface roughness and surface
stress on NWs may facilitate crack and dislocation nucleation, their effect is quite different
from that of a macro-crack in a bulk crystal. The different BDT mechanism in NWs may
lead to a different BDT temperature and the transition may be more gradual than that
in the bulk. This presents an interesting opportunity to compare theoretical predictions
and experimental measurements with each other. Because NWs with different orientations
have different ductility parameters (Table 2 v.s. Table 3), they may also have different
BDT temperatures. When compared to future experiments, the predictions made here
are probably more relevant for Ge NWs, because Si NWs are usually covered by a layer of
oxides, which is neglected in our simulations. Surface oxidization and reconstruction are

20



also expected to influence the BDT of NWs and these effects will be discussed in a future
paper.

6 Summary

We have performed MD simulations on the fracture of Si and Ge NWs in tension along the
[1 1 0] direction at room temperature, using a set of empirical potential models. While some
potentials show brittle fracture by crack nucleation, other potentials show ductile fracture
by dislocation nucleation. A ductility parameter is introduced, which is the ideal tensile
strength over the ideal shear strength, multiplied by the Schmid factor. The magnitude of
the ductility parameter compared to one exhibits perfect agreement with whether ductile
or brittle fracture is observed in the MD simulations. The ductility parameter has been
computed by ab initio models, which predicts brittle fracture at room temperature. Our
model also predicts that [1 1 1]-oriented NWs should be more brittle than [1 1 0]-oriented
NWs.

While the MEAM-Baskes potential predicts brittle fracture at 300 K and 600 K,
significant slip activities are observed in MD simulations at 900 K and 1200 K using the
same potential. It seems to be very useful to study the BDT of semiconductor NWs by both
theory and experiments, and to compare their results with each other. The main benefits
of NWs is that comparison between theory and experiments can made on the same length
scale. If quantitative agreement between theory and experiment can be obtained for NWs,
the findings should be useful to elucidate the BDT mechanisms in bulk semiconductors.
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A Alternative ductility indicators

Here we examine the effectiveness of alternative definition of the ductility parameter based
on the same idea of the competition between tension and shear. The first alternative is
based on the ideal strengths defined in terms of uniform strain, the maximum stress in
a crystal that is subjected to a uniform extension or shear. The results are shown in
Table 4. The second alternative is based on the ratio between elastic constants, e.g. shear
and Young’s modulus. The results are shown in Table 5. Unfortunately, the correlation
between these alternative ductility indicators with observed brittle versus ductile behaviour
are not as good as that based on ideal strength by “rigid-body” sliding.

Table 4: Ideal strength of different potentials obtained by applying a uniform
tensile or shear strain to a crystal. The tensile axis is along [1 1 0] direction
and the shear is on (1 1 1) plane and along [1 1 0] direction. The relative
position between the two atoms in the basis of the diamond-cubic crystal is
allowed to relax. The correlation between the observed brittle versus ductile
behaviour in MD simulations and the ductility parameter breaks down for
the SWmod potential.

Ideal tensile Ideal shear Observed
Material Potential strength σc strength τc Sσc/τc fracture

(GPa) (GPa) behaviour

Si

Tersoff 117 18.0 2.66 ductile
SW 42.1 10.6 1.62 ductile

Lenosky 36.7 9.5 1.58 ductile
Baskes 22.0 10.5 0.86 brittle
SWmod 42.0 13.1 1.31 brittle
Tersoff 96.0 13.4 2.93 ductile

SW 30.6 11.0 1.14 ductile
Ge Baskes 17.3 9.0 0.78 brittle

SWmod 30.6 13.0 0.96 brittle
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Table 5: Elastic constants and their ratios for different potential models.
C11, C12 and C44 are the three fundamental elastic constants expressed in
the cubic coordinate system, from which all other entries in this Table are
calculated. ν1 and ν2 are the two Poisson’s ratio and Y is the Young’s
modulus for tension along the [1 1 0] axis. Specifically, ν1 = −S3311/S3333,
ν2 = −S3322/S3333, and Y = 1/S3333, where S is the elastic compliance tensor
expressed in the coordinate system formed by e1 = [0 0 1], e2 = [1 1̄ 0], and
e3 = [1 1 0]. Y ’s for empirical potentials are lised in Table 1. µ = C ′

1212 is
the shear modulus, where C ′ is the elastic stiffness tensor expressed in the
coordinate system formed by e′1 = [1 0 1̄], e′2 = [1 1 1], and e′3 = [1 2̄ 1]. B
is the bulk modulus. Experimental data are for T = 300 K [43]. None of
the ratios between the elastic constants correlates well with the brittle versus
ductile (shaded) behaviour observed in MD simulations.

Potential C11 C12 C44 ν1 ν2 µ B µ/B µ/Y

Si

SW 161 80.5 60.2 0.428 1.44e-1 46.9 108 0.434 0.340
Tersoff 141 74.0 68.9 0.526 1.72e-3 45.3 98.1 0.462 0.329
Lenosky 164 83.0 70.5 0.469 7.23e-2 50.5 110 0.459 0.334
SWmod 161 80.5 80.4 0.500 -6.22e-4 53.6 108 0.497 0.333
Baskes 161 63.3 76.9 0.368 6.31e-2 58.2 97.6 0.596 0.356
LDA 159 67.3 80.0 0.411 2.83e-2 57.2 97.9 0.585 0.348
GGA 151 60.6 79.2 0.396 1.42e-2 56.5 90.6 0.624 0.352
Exp’t 165.7 63.9 79.6 0.362 6.22e-2 60.5 97.8 0.618 0.465

Ge

SW 137 50.1 58.7 0.321 1.23e-1 48.5 80.0 0.607 0.368
Tersoff 137 43.4 61.9 0.283 1.05e-1 51.8 75.7 0.685 0.379
SWmod 137 50.1 73.8 0.362 9.59e-3 53.6 79.9 0.670 0.359
Baskes 127 47.4 68.8 0.371 5.13e-3 49.5 75.2 0.658 0.358
LDA 127 44.8 63.1 0.334 5.25e-2 48.4 72.3 0.670 0.364
GGA 103 39.0 54.0 0.371 2.03e-2 39.3 60.4 0.651 0.357
Exp’t 128.9 48.3 67.1 0.365 2.47e-2 49.2 75.2 0.655 0.480
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B Surface Reconstruction

During the preparation of the NW specimens for MD simulations, we observe reconstruc-
tion of surface atoms for all the potential models used in this study. The NW specimens
are prepared in two steps. The first step is the conjugate gradient energy minimization
starting from a “freshly-cut” cylinder out of a perfect crystal. In the second step, the
relaxed structure is used as initial condition for MD simulations at 300 K at zero stress
by 2 ps and then relaxed by conjugate gradient method again. The latter relaxation is
performed to remove the thermal noise at finite temperature. To quantify the amount
of reconstruction, we measure the maximum displacement of all atoms and the change of
total energy in each of these two steps. The results for all the potential models are listed
in Table 6.

The SW and SWmod potentials do not show any reconstruction at all during the first
step (relaxation at zero temperature), but surface reconstruction does occur spontaneously
during the equilibration at 300 K. On the other hand, the Baskes (MEAM) potential shows
significant reconstruction in the first step, but smaller change in the second step than other
potentials. The behavior of the Tersoff and Lenosky (MEAM) potentials lies somewhere
in between these two cases.

Table 6: The maximum displacement dmax of surface atoms of Si NW and the
total energy change ∆Etot during initial relaxation at 0 K and subsequent
equilibration at 300 K.

Potential
Relaxation at 0 K Equilibration at 300 K

dmax(Å) ∆Etot (eV) dmax(Å) ∆Etot (eV)

SW 8.6923e-6 -7.5402e-7 4.5534e+0 -2.8685e+3
SWmod 7.2383e-6 -7.0399e-7 4.1784e+0 -2.1299e+3
Tersoff 1.7576e-1 -2.3218e+2 2.8568e+0 -1.0446e+3
Lenosky 4.4693e-2 -2.7991e+1 6.1451e+0 -2.9507e+3
Baskes 9.6444e-1 -2.1608e+3 1.7871e+0 3.5841e+0
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