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Abstract

We describe a kinetic Monte Carlo (kMC) approach to modeling dislocation motion, directly linking the energetics

of dislocation kink nucleation and migration on the atomistic scale with the experimental data on the microscale. A

study of planar glide of screw dislocation in Si, an ideal test-bed for our method is first discussed, followed by pre-

liminary results for a more complicated problem, three-dimensional motion of screw dislocation in BCC metals. We

find that accuracy of the model predictions, even in the favorable case of Si, cannot claim to be quantitative because of

uncertainties in the atomistic results for kink energetics. On the other hand, the kMC method is useful for qualitatively

probing the mechanisms controlling dislocation motion, and it is capable of providing plausible explanation of some

puzzling features of the experimental data. � 2002 Elsevier Science B.V. All rights reserved.
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1. Introduction

Kinetic Monte Carlo (kMC) method is generally
used to simulate the evolution of a physical system
through numerical sampling of (Markovian) sto-
chastic processes. While the traditional Monte
Carlo (MC) method is applied to sample systems in
or close to the thermal equilibrium, kMC has a
‘‘kinetic’’ character, in that it also evolves the sys-

tem in real physical time making it possible to study
non-equilibrium processes [1]. A connection be-
tweenMC time-steps and the real physical time has
been discussed within the theory of Poisson pro-
cesses [2]. The appeal of the kMC method is that it
can treat large length and long time-scale kinetic
response while incorporating atomistic informa-
tion, through appropriately determined transition
rates. For example, it is widely used to simulate
surface diffusion and growth processes [3], in which
the energy barriers for the atomic mechanisms are
obtained from atomistic calculations.
Plastic deformation in crystalline materials is

another physical process in which kMC methods
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is naturally applicable. The deforming lattice is
a system far from thermal equilibrium, evolving
through a complex sequence of kinetic processes
taking place on several length and time-scales. In
this brief report we are concerned with two ap-
plications of the kMC method to the motion of
a single dislocation through a perfect lattice. We
examine two types of lattices in which the dislo-
cation motion mechanisms are quite different: a
diamond cubic lattice of Si, where dislocations are
confined to glide in a single plane, and a BCC
lattice of Mo, where screw dislocations move in
three dimensions due to their ability to cross-slip.

2. KMC study of silicon

Understanding the mechanisms of dislocation
motion can be very helpful for designing and
processing materials with special properties, such
as high strength alloys for high temperature ap-
plications. In the case of silicon, dislocation mo-
bility is important due to the notorious ability of
dislocations, residing initially in the relatively in-
sensitive areas of the silicon substrate, to bring
themselves in contact with active circuits, either
during manufacturing or the working period of the
electronic devices. Yet another aspect that makes
silicon an important test-bed for experimental and
theoretical work, is its unmatched purity and the
possibility to grow single crystals of silicon that are
essentially free of dislocations. Thus, it is possible
to study mobility of individual dislocations that is
intrinsic to silicon and not affected by dislocation
interactions with other dislocations or with ex-
trinsic defects.
Although there have been considerable progress

both in theoretical modeling [4–11] and the ex-
perimental measurements [12–16] of dislocation
motion in Si during the last three decades, a dis-
connect still exists between theoretical predictions
and the experimental measurements of dislocation
mobilities. While dislocation motion is usually
observed on the length scale of multiple microns
and during time intervals of several seconds, the
theoretical work has been mostly focused on the
atomic mechanisms and energetics of kink nucle-
ation and migration on the scale of angstroms and

picoseconds. To bring together the atomistic the-
ory and the experimental measurements, we de-
veloped a mesoscopic model of dislocation motion
that considers the overall dislocation motion as the
cumulative effect of a large number of kink events,
sampled by a kMC algorithm.
Fig. 1 shows a schematic representation of a

screw dislocation in Si that we study in our kMC
model. The dislocation line is lying mostly along
the h1�110i direction (defined as z axis), dissociated
into two 30� partials, with Burgers vectors b1 and
b2, respectively, enclosing an area of stacking fault.
Under the action of external stress and tempera-
ture, the dislocation moves along x direction
through kink pair nucleation and subsequent mi-
gration of the kinks along the line, in both partials.
A kink pair nucleation event and a kink migration
event are shown in Fig. 1 in dashed lines. Periodic
boundary conditions are applied so that the kinks
leaving at one end re-enter the dislocation from the
other end. The elementary kink width is b, and the
kink height is h ¼ b

ffiffiffi
3

p
=2.

A simulation proceeds by sampling all the ele-
mentary events that are competing with one an-
other. At each time-step, a list is generated that
containing all possible kink pair nucleation event
on each and every horizontal segment of the par-
tials, and all possible lateral displacements (mi-
gration to the left or the right) of the existing

Fig. 1. Schematic representation of a screw dislocation in Si in

the kMC simulation. The dislocation is dissociated into two 30�
partials with Burgers vector b1 and b2, respectively, enclosing an
area of stacking fault. Elementary kink width is b, while the

kink height is h ¼ b
ffiffiffi
3

p
=2. A double-kink nucleation event is

shown at position I, and a kink migration event is shown at

position II, both in dashed lines.
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kinks. A kMC algorithm [17] is then applied to
select a particular event from the list, with the
probability of selecting each event proportional to
its occurrence rate. The selected event is executed,
resulting in either nucleation of a kink pair or
migration of an existing kink. The physical time
increment is then evaluated as the inverse of the
total (sum) rate of all the events in the current list
and the simulation continues to the next time-step.
The rate of each event is calculated within the

transition state theory [18]. Similar to the surface
growth studies [3], the activation energy barriers
for each transformation contain terms that are
imported from atomistic calculations. However,
since the dislocation segments can interact both
with external stress and with each other, there is an
additional energy term in the activation energy,
defined by the local stress at the transformation
site. This local stress is evaluated as a sum of the
external stress and the internal stress due to all
other dislocation segments. For example, the rate
for kink migration on partial p (p ¼ 1, 2 for
leading and trailing partials, respectively) is cal-
culated as,

jm¼x0

� exp
�
�Wm�TS�ð�cSF�ryzbp;z�ryxbp;xÞA=2

kBT

�
;

ð1Þ

where x0 is the pre-exponential ‘‘frequency’’ factor
that we set equal to the Debye frequency, Wm is the
kink migration energy barrier which can be cal-
culated using either empirical potential or first
principles methods, S is the vibrational entropy,
which is set to 3kB, according to earlier theoretical
and experimental estimates [19,20], cSF is the stack-
ing fault energy, with ‘‘+’’ or ‘‘)’’ signs for the
leading and trailing partial, respectively, r is the
stress tensor, A ¼ �bh is the area swept out by
the dislocation during kink migration, with ‘‘+’’ or
‘‘)’’ sign corresponding to the dislocation moving
upward (e.g., left kink move left) or downward
(e.g., left kink move right), respectively, kB is the
Boltzmann’s constant and T is the temperature.
Our experience is that the major bottle-neck of

kMC simulations in general, including kMC sim-
ulations of dislocation motion, is an efficient

treatment of very fast events that consume most of
the computing time but do not contribute appre-
ciably to the overall evolution. It is a general fea-
ture of all kMC simulations that they lack any
natural dynamic or kinetic constraint. Unlike mo-
lecular dynamics (MD) in which dynamics is nat-
urally defined by the interatomic potentials, kMC
method will sample all and every process from
its current event catalog. As is often the case,
the catalog may contain a number of very fast
events that are repetitive or otherwise uninterest-
ing. It is up to the modeler to help such an ill-
behaved simulation by integrating out, one way or
another, such uninteresting events from the event
catalog.
In the case of Si, a vast majority of fresh kink

pairs (with kink pair separation b) recombine al-
most immediately after their formation. Unless
specially treated, almost all of the kMC cycles are
wasted on sampling these fast but unimportant
processes, resulting in a very inefficient simulation
unable to advance the dislocation over an appre-
ciable distance within a reasonable amount of
simulation time. To remedy such an unwanted
behavior we considered kink pair nucleation and
propagation as an isolated (Markov) stochastic
process. Specifically, we examined a one-dimen-
sional random walk with one absorbing end and
derived a recursive formula that allows to compute
the effective rate of formation of sustainable kink
pairs of width xs, i.e., kink pairs that have con-
siderable probability to expand further without
recombination [21]. Based on this result, it be-
came possible to speed up our kMC simulations
by allowing only kink pairs of width ws to nucle-
ate. Parameter ws was chosen as a compromise
between efficiency and accuracy: a larger ws means
a more detailed and realistic sampling of the kink
pair propagation processes. In our simulations we
observed that any value of ws between 10 and 20
was sufficient to generate reasonably large statis-
tics of kink pair nucleation events and that the
specific choice of w from this interval had no de-
tectable effect on the final result for dislocation
velocity. For more details on the kMC algorithm
implementation in Si, refer to [21–23].
During each kMC simulation, the instanta-

neous average position of the moving dislocation
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is recorded as a function of time (the inset in Fig. 2
shows a typical result). Dislocation velocity is then
computed as the slope of this curve. Fig. 2 shows a
kMC prediction for the dislocation velocity as a
function of temperature at 10 MPa shear stress,
along with two sets of relevant experimental data
[12,13]. Two sets of atomistic calculations were
used in kMC simulations, one from empirical
potential (EDIP) calculations [6], the other from
tight-binding (TB) calculations [8]. Although ato-
mistic calculations identified multiple species of
kinks on partial dislocations in Si, our kMC sim-
ulation is based on a simplified model that includes
ony one species of kinks. Using the procedure
described in [21], we selected the nucleation energy
Ek and migration energy Wm for this ‘‘generic’’
kink on 30� partial as Ek ¼ 0:52 eV (EDIP) and
0.80 eV (TB), Wm ¼ 0:89 eV (EDIP) and 1.52 eV
(TB), as shown in the first two columns of Table 1.
The predicted velocities based on these two sets of
atomistic inputs are seen to differ by some four-
orders of magnitude, bracketing the experiments.
An Arrhenius fit of the simulated and the experi-
mental velocity data produces an overall activa-
tion energy Q ¼ 1:31 eV (EDIP), 2.23 eV (TB),
and 2.20 (exp’t).

A difference so large indicates that kMC pre-
dictions for dislocation velocity depend sensitively
on the atomistic input. Simple analysis shows that
to achieve reasonable agreement in the absolute
values of dislocation velocity, the kink energy
calculations have to reach the accuracy of 0.1 eV,
which is only attainable for the first principles
methods. However, as shown in Table 1, even
density functional theory (DFT) calculations
available for the partial dislocations in Si [9–11]
have neither converged nor agreed with the ex-
perimental estimates which themselves show con-
siderable scatter [14–16].
Based on various calculated and experimental

values available at present, our best estimates for
the energetics of the generic kink on 30� partial are
Ek ¼ 0:7 eV and Wm ¼ 1:2 eV. Dislocation veloci-
ties calculated based on this effective parameters
are also shown in Fig. 2. Although the result looks
reasonably good, we would like to emphasize that
quantitative agreement between the predicted ve-
locities and the experimental data is not significant
at this stage. This is because some other parame-
ters, such as the sampling frequency x0 or the
vibrational entropy S in Eq. (1), can easily shift
the entire velocity curve by one- to two-orders of
magnitude. Despite these uncertainties, the fact
that the simulated dislocation velocities bracket
the experimental data, and that they have simi-
lar temperature dependence with experiments are

Table 1

Kink’s formation energy Ek and migration barrier Wm (in eV)
on 30� and 90� partials in silicon obtained from atomistic cal-

culations using EDIP potential, TB and DFT, and experimental

measurements using TEM and high resolution electron mi-

croscopy (HREM)

30� 90�

Ek Wm Ek Wm

EDIP [6] 0.52 0.89 0.70 0.62

TB [8] 0.82 1.52 0.12 1.62

DFT [9] 2.1

DFT [10] 0.1 1.8

DFT [11] 0.04 1.09

TEM [14] P 0.4 6 1.2

TEM [15] 1–1.2 1–1.2

HREM [16] 0.8 1.55 0.74 1.55

Fig. 2. Temperature-dependent velocities of screw dislocations

at stress s ¼ 10 MPa. Experiments are denoted by (}) [12] and
(�) [13], respectively. (j) and (r) are kMC predictions using
EDIP and TB kink energetics. kMC predictions for the opti-

mized kink parameters, Ek ¼ 0:7 eV and Wm ¼ 1:2 eV, are also
shown in (�).
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significant, indicating that our kMC model is ad-
equate but the accuracy is limited by the quality of
its atomistic input. If and when a more reliable set
of atomistic parameters becomes available, the
model will be ready to incorporate the new data
for more accurate prediction of the intrinsic dis-
location mobility in Si.
Using the ‘‘optimal’’ set of kink energies, we

examined the stress dependence of dislocation ve-
locities. We observed that dislocation mobility is
affected by the coupling between the two partial
dislocations [23]. Depending on whether or not the
average separation between the two partials is
commensurate with the periodicity of Peierls po-
tential, the dislocation velocity can differ by one-
order of magnitude at low stresses. This suggests
a possible explanation of the starting stress be-
havior alternative to the mysterious ‘‘weak obsta-
cles’’ postulate traditionally invoked to explain
such low stress anomalies of dislocation mobility
[12,24,25].

3. KMC study of BCC metals

The mechanisms of dislocation motion in other
materials can be very different from those in Si. For
example, the picture of dislocation motion in BCC
transition metals such as molybdenum can be quite
complex. At low temperatures, screw dislocations
are found to be much less mobile than edge and
mixed dislocations [26]. These screws are believed
to control the overall rate of plastic deformation.
Due to the high Peierls barrier, the motion of screw
dislocations in BCC molybdenum is believed to be
controlled by nucleation and migration of kinks
[27], just like in silicon. However, screw disloca-
tions in BCC metals do not dissociate into a planar
structure [28], as they do in Si, and their glide is not
confined to a single glide plane. Instead, cross-slip
should readily occur by which screw dislocations
change their glide planes. In fact, each screw dis-
location segment (aligned along h111i) can nucle-
ate kink pairs on either of the three (1 1 0) planes of
the h111i zone, as shown in Fig. 3. Thus, motion of
screw dislocations becomes three-dimensional and
can involve a number of unusual mechanisms af-
fecting dislocation mobility.

Similar to the case of Si, theory and simulations
of dislocations in Mo have focused on the structure
and energies of dislocations and kinks [28,29],
whereas experimental observations [26,30,31] of
dislocation motion dealt with the length scales of
multiple microns. Recent MD simulations of dis-
location motion at finite temperatures examined
mobility of short dislocation segments and kinks
[32–34]. At the same time, large scale dislocation
dynamics (DD) [35] simulations have been applied
to BCC metals, in an attempt to develop predictive
material strength models (i.e., stress–strain re-
lationships) based on the physics of dislocation
behavior. In principle, atomistic simulations can
provide mobility rules for the large scale DD sim-
ulations. In practice, however, the length and time-
scales of the atomistic simulations and those of the
DD models remain disconnected. To close the gap
between theory of the atomic core and dislocation
mobility measurements and to eventually connect
the atomistic mobility data to predictive large scale
DD simulations of materials strength, an interme-
diate model for microscale behavior of individual
dislocations is required. For this purpose, we de-
velop here a kMC approach to modeling disloca-
tion motion in BCC metals on the microscale,
adapted from our study of dislocation glide in Si.

Fig. 3. A schematic of dislocation motion in BCC metals ex-

amined in the kMC simulations. The dislocation line is mostly

aligned along the 1=2h111i Burgers vector. Kink pairs can
nucleate on either of the three (1 1 0) planes a; b and c after

which kink migration is constrained to the glide plane selected

by kink pair nucleation. A kink pair nucleation event is shown

at position I, and a kink migration event is shown at position II,

both in dashed lines.
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Fig. 3 shows a schematic representation of a
screw dislocation in the kMC model. The dislo-
cation is represented by a piecewise straight line
mostly parallel the dislocation Burgers vector in a
1=2h111i direction. It consists of horizontal (H)
and vertical (V) segments, with H-segments being
pure screw and V-segments being pure edge. All V-
segments have the same length h, the unit kink
height, while the H-segments can be of any length.
To model cross-slip, kink pair nucleation is al-
lowed on any part of the H-segments and in any of
the three (1 1 0) glide planes a; b and c intersecting
the h111i direction. Once nucleated, a kink (V-
segment) can move in its glide plane along the
dislocation line until it recombines with another
kink of opposite sign. Because a kink migrates
in BCC metals against very small energy barrier
(secondary Peierls barrier) [36], it requires a dif-
ferent treatment from that developed for Si. Spe-
cifically, kink motion is now modeled by a viscous
drag mechanism with kink velocity proportional
to the elastic force exerted on the kink. The kink
mobility parameter associated with this kink drag
mechanism has been obtained by direct MD sim-
ulations [34] at finite temperatures.
Our kMC simulations give a rather interesting

picture of screw dislocation motion. At low tem-
perature and low stress, the dislocation motion is
controlled by the rate of kink pair nucleation. Due
to a high energy barrier for kink pair nucleation
and the relative ease of kink migration, there is no
more than one kink pair at any given time on the
entire dislocation line. Once formed, the kink pairs
sweep quickly through the whole dislocation line
and recombine after one of the kinks exits and re-
enters the line (due to the periodic boundary
conditions). Each of such kink pair nucleation and
propagation sequences results in the dislocation
moving by one repeat distance (the kink height h).
Since the net rate of kink pair production is pro-
portional to dislocation length, dislocation veloc-
ity under such conditions is proportional to the
length, in agreement with earlier theories [27].
At a higher temperature and/or higher stress,

kink pair nucleation rates increase dramatically.
As a result, a large number of kinks may be si-
multaneously present on the dislocation line in
which case dislocation velocity becomes length-

independent. Furthermore, rather complicated
mechanisms may result as a consequence of easy
cross-slip. One scenario involves simultaneous
presence of kink pairs nucleated on two intersect-
ing slip planes. Such cross-kinks can now collide
with each other and, being unable to recombine,
form pinning points on the dislocation line. These
events create conditions for pile-up of the kinks
arriving at the pinning point from two opposite
directions. Similar to the fast processes of kink
pair nucleation and recombination in the case of
Si, the kinks in these pile-ups tend to oscillate
frequently between neighboring positions on the
dislocation line, making no contribution to the
overall dislocation displacement. Unless some sort
of special treatment of such uninteresting events is
applied, the simulation will become progressively
less efficient as the kink pile-ups grow larger.
The physical effect of the pinning points and

kink pile-ups is significant, in that they impede
dislocation motion and may develop into cusps
on the moving screw dislocations. These intrinsic
obstacles can be overcome either by slow migra-
tion of the cusps along the line leading to possible
partial recombination with other cusps, or by
formation of closed (prismatic) loops left in the
wake of a moving dislocation. While these pro-
cesses are natural occurrences in our kMC simu-
lation, previously they were postulated to explain
the stress anomaly of dislocations in c-TiAl alloy
[37]. Recent transmission electron microscopy
(TEM) experiments [38] in Mo and Ta also con-
firm such mechanisms, and further indicate that
cusp migration is observed more frequently in
Mo while formation of the debris loops is more
prominent in Ta. Another predicted behavior
which is in accord with TEM observations is that
debris formation occurs more readily under higher
temperature and/or higher stress conditions [38].
For more details of kMC simulation in BCC
metals, refer to [39].

4. Concluding remarks

We have developed a kMC method to model
dislocation mobility in diamond-cubic lattice of Si
and BCC lattices of Mo. We will use this model to
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study other observed behaviors of dislocation
mobility which are not yet fully understood, such
as mobility asymmetry [40,41]. We are also im-
proving our kMC model of Mo to treat kink os-
cillation in superjogs more efficiently. The main
objective of this work is to predict dislocation ve-
locity at a wide range of temperature and stress
conditions, which will serve as input to larger DD
simulations [35] to model single crystal strength of
BCC metals.
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